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Abstract 

In  this  research  project,  fundamental  science  and  technical  processes  of  single 
molecule  optoelectronics  of  conjugated  polymers,  as  well  as  of  nanocomposites 
comprised  of  carbon  nanotubes  and  polymers,  were  systematically  investigated  in 
inter-related  structured  segments.  Significant  novel  and  useful  results  had  been 
acquired,  which  have  paved  the  solid  basis  for  future  fruitful  explorations  in  this 
important  emerging  subject. 

Firstly,  the  mechano-electronic  interactions  of  conjugated  polymer  chains  were 
investigated  in  stretched  polymer  films.  The  extraordinarily  large  optoelectronic 
enhancement  of  single  molecule  conjugated  polymers  induced  by  extensive  stretching 
was  studied.  The  deformation  triggered  enhancement  was  found  to  be  associated  with 
an  increase  of  non-radiative  lifetimes  of  the  stretch-hardened  polymer  chains.  This 
indicated  the  important  role  of  dramatically  increased  polaron  formation  energy 
(Chapter  1). 

The  mechano-electronic  effect  due  to  chain  conformation  was  also  observed  in  the 
monolayer  films  (ca.  3-4  nm)  resulted  from  dewetting  of  ultrathin  conjugated  polymer 
films  on  rigid  substrate.  This  observation  offered  an  application  opportunity  of  the 
large  mechano-electronic  effect  through  a  process  full  compatible  with  the  current 
semiconductor  manufacturing  techniques.  It  thus  has  opened  a  window  for  making 
real  optoelectronic  devices  (electroluminescence  and  photovoltaics)  exploiting 
enhanced  single  molecule  properties.  The  mechano-optical  enhancement  was  found  to 
be  highly  dependent  on  the  shear  deformation  at  the  substrate  and  the  original 
molecular  packing  in  the  ultrathin  polymer  films.  Ongoing  work  includes 
multi-dewetting  processes  designed  for  making  thick  stacks  of  monolayers  for  high 
intensity  applications  (Chapter  2). 

The  physical  states  of  the  ultrathin  polymer  films  were  thus  investigated  in  details 
in  the  light  of  residual  stress  and  molecular  packing  (Chapter  3),  stress  relaxation 
(Chapter  4),  and  elastic  modulus  of  the  ultrathin  films  (Chapter  4).  A  molecular  model 
that  describes  molecular  condensation  during  film  formation  enroute  of  spin  coating 
of  dilute  polymer  solution  was  constructed  in  order  to  explain  the  various  unique  thin 
film  packing  problems  we  observed,  and  to  predict  the  behavior  of  more  complicated 
polymer  systems  (Chapter  4).  The  mechanical  interactions  between  ultrathin  polymer 
films  and  substrate  during  dewetting  were  further  investigated  with  the  substrate  being 
a  soft  elastic  rubber  to  fully  elucidate  the  interaction  details  in  nanometer  scales 
(Chapter  5). 

The  single  molecule  behavior  and  chain  conformation  effect  of  conjugated  polymer 
were  further  exploited  in  the  nanocomposites  comprised  of  percolated  carbon 
nanotubes  and  conjugated  polymers.  Congugated  polymers  were  grafted  to  carbon 
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nanotubes  in  order  to  investigate  the  ehain  eonformation  effeet  on  the  earbon 
nanotube  templates  (Chapter  6).  As  a  further  investigation  of  the  nanoeomposite 
systems,  the  meehanieal  interaetions  between  the  well-dispersed  earbon  nanotubes 
and  the  glassy  polymer  ehains  were  studied  in  both  the  multi-walled  and  single  walled 
earbon  nanotubes  systems  (Chapter  7). 

The  eontents  of  Chapter  5  and  the  first  part  of  Chapter  7  were  published 
respeetively  in  Physieal  Review  Letters  and  Maeromoleeules.  Seven  more 
manuseripts  based  on  the  results  revealed  in  Chapters  1,  2,  3,  4,  and  7  are  to  be 
submitted  for  publieation  shortly. 
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Chapter  1:  Large  Increase  of  Optoelectronic  Efficiency  of 
Conjugated  Polymer  byExtreme  Plastic  Deformations 

Abstract 

Polymers  are  known  to  have  poor  optoelectronic  quantum  efficiencies  that  can  he 
linked  to  the  inherent  self-trapping  of  photon-induced  charges  (excitons)  to  the  soft 
1-D  hydrocarbon  chains.  However,  we  observed  a  very  large  photoluminescence 
enhancement,  by  as  high  as  1000%,  when  the  molecules  dispersed  in  optically  inert 
matrix  were  deformed  by  stretching  up  to  strain  s  =  300%.  There  was  a  strain 
threshold  for  the  enhancement,  above  s  =  60%,  and  the  enhancement  decreased  and 
finally  vanished  as  the  molecular  concentration  in  the  matrix  increased. 
Accompanying  with  the  large  photoluminescence  increase,  the  luminescence 
spectrum  remain  largely  unchanged  but  the  non-radicative  lifetime  increased 
significantly,  indicating  an  emerging  obstruction  to  the  phonon-exciton  interactions. 
The  dramatic  effect  was  very  sensitive  to  stress  relaxation  and  intermolecular 
interactions  which  may  reduce  or  even  offset  the  enhancement  effect.  Chain 
segmental  motions  that  lead  to  varying  local  chain  conformation  for  charge 
entrapment  may  be  restricted  when  fully  stretched,  thus  giving  rise  to  a  dramatic 
increase  of  quantum  efficiencies.  Our  results  have  important  implications  for  the 
development  of  high  efficiency  energy  or  electronic  devices  based  on  polymers. 

Introduction 

Conjugated  polymers  have  attracted  considerable  attention  due  to  their  intriguing 
optoelectronic  properties  and  low  material  and  processing  costs  that  hint  ubiquitous 
roles  for  prospective  luminescent,  photovoltaic,  and  electronic  applications  [1-6]. 
With  alternating  ii-bonds  in  the  hydrocarbons  backbones,  conjugated  polymers 
harvest  incident  photons  that  match  their  vibronic  energy  gaps,  generate  singlet 
excitons  which  thereafter  undergo  a  series  of  intricate  radiative  or  nonradiative  energy 
transfer  processes  [6-19].  Although  the  detailed  pathways  remain  illusive,  phonon 
interactions  with  the  excitons  to  form  charged  polarons  or  via  intersystem  crossing 
convert  into  neutral  triplet  excitons  play  a  central  role  in  the  nonradiative  processes. 
These  interactions  leave  clues  in  photoinduced  absorption  bands  at,  respectively,  the 
near  IR  or  visible  light  spectral  ranges  [7,15-17].  Compelling  evidence  revealed  that 
the  formation  of  non-emissive  species  in  conjugated  chains  may  account  for  more 
than  90%  of  the  total  photo-energy  uptake  [8,10].  Such  a  deficiency  in  polymer-based 
quantum  yields  has  long  blocked  feasible  energy  or  electronic  devices  from  emerging. 

The  strong  phonon  interactions  in  conjugated  polymers  are  rooted  to  their  inherent 
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flexible  nature  of  the  1-D  molecular  chains.  By  means  of  facile  local  conformation 
changes  (cis-gauch  or  gauch-trans  transitions)  or  reversible  chromophore 
transformation  (e.g.,  the  well-established  cyclization  of  diarylethenes  into 
dihydrophenanthrene  systems)  [6,17],  self-trapping  of  charges  occurs  and  it  hinder 
considerably  the  charge  conductivity  along  the  chains.  Other  than  these  intramolecular 
interactions,  reactions  between  adjacent  photoexcited  segments  of  different  chains 
prevail  and  inflict  significant  reduction  of  radiative  efficiency.  The  intermolecular 
interactions  explain  the  dramatic  enhancement  in  luminescent  efficiencies  routinely 
observed  when  conjugated  polymers  are  dispersed  into  single  molecules  in  blends  or 
in  solutions  [20-23].  In  consequence  of  the  intra-  and  intermolecular  interactions,  the 
non-radiative  energy  dissipations  [8-13]  are  characterized  by  charge  hopping  or 
degenerated  molecular  orbital  states  between  adjacent  molecular  segments  that 
increase  the  radiative  lifetime  of  the  photoexcited  species. 

Thus,  when  polymer  chains  are  individually  dispersed  and  then  stretched,  large 
mechano-optoelectronic  effects  are  expected.  So  far,  very  limited  work  is  done  in  this 
area  [24-25].  As  will  be  shown  in  the  following,  with  very  large  non-relaxing 
deformations  applied  to  dispersed  conjugated  polymer  chains,  dramatic  enhancements 
in  optoelectronic  efficiencies  (up  to  above  a  25  folds  increase)  has  been  observed.  The 
experiment  was  carried  out  by  stretching  a  conjugated  polymer, 
poly-(2-methoxy-5-(2’-ethylhexyloxy)  -p-phenylenevinylene)  (MEH-PPV)  dispersed 
in  a  saturated  glassy  polymeric  thin  film.  The  matrix  polymer  was  either  polystyrene 
(PS)  or  polyphenylene  oxide  (PPO),  each  of  which  demonstrates,  respectively,  the 
generic  brittle  (crazing)  or  ductile  (local  shear  yielding)  nano-plastic  flows  [26-35] 
upon  stretching.  The  observations  clearly  manifest  a  strong  dependence  of  the 
optoelectronic  behavior  of  polymers  on  the  mechanical  state  that  can  be  manipulated 
by  externally  applied  constraints. 

Experimental  Section 

The  PS  (Mw=  2,000,000  g/mol.,  Mw/Mn<  1.3)  and  the  styrene  oligomers  (M^  = 
2,032  g/mol.,  Mw/Mn  <  1.06  and  MW  =  760  g/mol.,  Mw/Mn  <  1.1)  were  bought  from 
the  Pressure  Chemical  Co.,  and  the  conjugated  polymer  MEH-PPV  (Mn=  150,000  ~ 
250,000  g/mol.,  Mw/Mn  ~  5)  was  purchased  from  Sigma-Aldrich  Chemical  Co.  PPO 
(Mw=  244,000  g/mol.,  Mw/Mn  ~  3)  was  also  purchased  from  Sigma-Aldrich  Chemical 
Co.  All  polymers  were  used  as  received  without  further  purification.  Blends  of 
MEH-PPV  with  either  PS  or  PPO  were  prepared  with  MEH-PPV  weight  fractions  c 
ranging  from  0.1  wt  %  to  10  wt  %.  Thin  polymer  films  on  glass  slides  were  prepared 
by  spin  coating  from  polymer  solutions  in  equal-parted  solvent  mixture  of  toluene, 
tetrahydrofuran,  and  cyclohexanone.  The  polymer  solution,  generally  of  polymer 
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concentration  in  the  range  of  1  -  30  mg/ml,  was  stirred  slowly,  wrapped  in  aluminum 
foil  to  protect  from  UV  lights,  at  room  temperature  for  approximately  two  day, 
followed  by  syringe  filtration  using  a  0.2  pm  pores  filter  to  remove  dust  or 
un-dissolved  particles.  The  filtration  produces  no  effect  on  the  actual  values  of  the 
MEH-PPV  fraction  for  samples  of  low  e’s  where  the  conjugated  polymer  dissolves 
readily.  However,  it  may  possibly  cause  a  negative  deviation  of  c  values  for  samples 
of  high  c’s  where  significant  aggregates  are  present,  and  thus  this  was  taken  into 
account  for  data  analysis  of  the  concentrated  samples.  The  spin  speed  was  in  the  range 
of  2500  rpm  ~  3000  rpm  to  produce  films  of  thickness  around  0.5  pm.  When  the 
solvent  evaporated,  the  film  was  floated  off  onto  the  surface  of  water  bath  and 
subsequently  picked  up  by  a  piece  of  copper  grids,  dried  for  about  1  day,  and  then 
ready  for  tensile  testing  [26-27].  The  copper  grids,  before  the  sample  preparation, 
were  first  annealed  at  600  °C  in  sealed  vacuum  for  one  hour  to  increase  plastic 
ductility  suitable  for  good  loading  support  of  the  polymer  thin  films,  which  are  to  be 
tested  under  tensile  deformations  [26-27].  They  were  then  dipped  briefly  in  a  PS 
solution  to  leave  a  thin  layer  of  polymer  on  the  grid  bars  before  picking  up  the  film 
from  the  water  bath.  The  specimen  of  polymer  thin  film  on  copper  grids  was  shortly 
exposed  to  the  solvent  vapor  to  enhance  bonding  between  the  film  and  supporting 
copper  grids  [26-27]. 

The  specimen  was  then  mounted  in  a  strain  jig  and  stretched  uni-axially  under  an 
optical  microscope  for  deformation  to  be  observed.  After  the  stretching,  the  sample 
was  retreated  from  the  strain  jig  but  the  deformation  applied  to  the  thin  film  was 
retained  by  the  plasticized  supporting  copper  grids.  The  stretched  samples  were  then 
tested  in  photoluminescence  spectrometer  (Perkin-Elmer  LS-55)  using  suitable 
excitation  frequencies  to  evaluate  its  photo-luminescence  (PL)  properties.  Signal  from 
blank  copper  grids  was  used  for  background  subtraction.  Atomic  force  microscope 
(Digital  Instrumental,  Nanoscope  Ilia  and  Dimension™  3100)  and  transmission 
electron  microscope  (JEOL  JEM-2010,  TEM)  were  employed  to  investigate  the 
topography  and  microstructure  of  local  deformation  zones  of  crazes.  A  confocal  PL 
microscope  (Leica  SP2-Confocal)  was  also  used  to  observe  the  stretched  samples. 

Results  and  Discussions 

Stretching  of  the  polymer  film 

The  prepared  thin  films  of  MEH-PPV  dispersed  in  PS  for  the  experiment  were 
smooth  and  tight  without  wrinkles  before  stretching  (Fig.  la).  Local  deformation 
zones  of  crazes  grown  perpendicular  to  stretching  emerged  when  a  strain  (s)  was 
applied  beyond  a  critical  value  (Sc),  approximately  6*^  =  0.5  %  [26-31].  As  the  strain 
increased  further,  crazes  widened  amid  the  initiation  of  new  ones  (Fig.  la).  Under 
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TEM,  interconnected  fibrils  of  large  extension  ratio  (A  -  4.0)  [26-31]  that  orient 
parallel  to  the  stretching  direction  were  observed  within  crazes  (Fig.  lb).  The  local 
strain  of  the  crazed  matter  was  determined  to  be  close  to  the  upper  bound  permitted 
for  a  well  entangled  chain  network  [26-31],  indicating  that  the  chains  within  crazes 
are  fully  stretched.  The  crazing  behavior  of  the  films  as  observed  under  an  optical 
microscope  did  not  show  significant  dependence  on  MEH-PPV  weight  fraction  (c)  for 
the  range  from  0  to  10%  (Fig.  la). 


a). 


Figure  1.  a)  Optical  micrographs  of  the  polymer  film  for  various  MEHPPV  fractions 
c’s  and  applied  strains  f’s.  b)  TEM  micrographs  of  crazes  for  various  c’s. 

During  the  stretching,  craze  formation  acts  effectively  as  a  strain  sink  [26-28] 
and  the  amount  of  polymer  drawn  into  crazes  f^can  be  related  to  ^and  Poisson’s  ratio 
vby  Vd  =  {£-£c)U+  £{\-2v)'\  ~  (£-  0.5%)  if  Fz  is  expressed  in  volume  fraction  and 
the  void  volume  between  fibrils  is  excluded.  The  topography  of  the  crazed  region  in 
the  film  clearly  shows  a  local  depression  (Fig.  2a,  inset)  and  the  depth  of  the 
depression  dd  first  increases  linearly  with  craze  width  Wd  and  then  levels  off  to  a 
plateau  D  when  Wd  becomes  greater  than  a  thickness-dependent  threshold,  illustrating 
a  necking  process  in  nanometer  scales  (Fig.  2a)  [32-35].  The  plateau  depth  D  can  be 
related  to  the  draw  ratio  X  of  the  crazed  matter  and  film  thickness  thy  X=  1.25(1  - 
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2Dlf)  \  where  the  void  volume  fraetion  within  the  eraze  was  ealibrated  to  be  0.2 
eorresponding  to  elosest  fibril  paeking  [33,34].  Similar  relationships  exist  for  shear 
deformation  zones  in  duetile  polymers,  sueh  as  PPO  or  partially  plastieized  PS’s,  but 
the  eritieal  strain  Sc^  are  generally  greater  than  0.5%,  to  be  around  1-  3%,  and  the 
void  volume  within  the  shear  deformed  matter  is  redueed  to  zero, 
a)  b) 
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Figure  2.  a)  Craze  depth  versus  craze  width  in  the  strained  films,  illustrating  a 
micro-necking  characteristic,  b)  The  plateau  craze  depth  decreases  with  c  but  tends  to 
level  off  for  large  c’s. 


The  dispersion  of  MEH-PPV  in  PS  matrix  was  generally  adequate  for  c  <  1%, 
but  for  larger  c’s  (c>5.0  wt  %)  small  aggregate  particles  that  had  escaped  the  filtration 
were  present  in  the  films,  as  visible  in  crazes  under  TEM  (Fig.  lb).  The  well 
fibrillated  craze  microstructure  generally  demonstrates  no  dependence  on  c  for  the 
range  explored  here,  but  the  fibril  draw  ratio  A  decreases  slightly  with  c  as  evident  in 
the  dependence  of  the  plateau  depth  D  versus  c  (Fig.  2b).  This  clearly  indicates  that 
the  dispersed  MEH-PPV  molecules  do  in  fact  participated  in  the  nano-plastic  flows. 
The  molecular  strains  of  the  dispersed  MEH-PPV  in  fact  are  slightly  less  than  that  of 
the  PS  matrix  molecules,  but  for  the  purpose  here  they  were  assumed  to  be  identical  to 
the  A  measured  in  the  crazes  of  the  films. 


PL  enhancement  by  plastic  flows 

The  PL  spectra  of  the  un-stretched  polymer  films  on  copper  grids  (Fig.  2c) 
manifest  distinct  peaks  at  approximately  550  nm  and  600  nm  corresponding  to, 
respectively,  the  intra-chain  and  inter-molecular  transitions  [11,12,22].  The  intra-chain 
luminescence  intensity  (550  nm  emission)  increases  with  c  but  deviates  considerably 
lower  than  linearity  for  c  >  1  %,  indicating  the  strong  detrimental  effect  of 
inter-molecular  interactions  [8-13].  When  normalized  to  c,  the  intensity  is  about  20 
times  greater  for  c  =  0.1  %  than  in  c  =  10.0  %,  as  expected  from  the  suppression  of 
inter-chain  energy  loss  pathways  [8-13]. 
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c) 


MEH-PPV  in  2M  PS,  3S0  nm  excitation 
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d) 


Figure  3.  a)  Luminescence  enhancement  in  films  of  diluted  MEH-PPV  is  observable 
to  the  bare  eye  with  various  viewing  angles,  b)  Confocal  PL  micrographs  of  crazed 


10 


sample  (left:  lwt%  MEH-PPV,  s  =  8%;  right:  10  wt%  MEH-PPV,  s  =  8%)  with 
excitation  frequency  at  488  nm.  c)  PL  luminescence  spectra  for  various  c’s  as  a 
function  of  applied  strain  (excitation  wavelength:  350  nm).  The  intensity  below  -500 
nm,  which  is  strongly  influenced  by  background  luminescence  of  scattered  incident 
beam,  should  be  ignored,  d)  The  PEE  spectrum  of  the  photoluminescent  film  is 
independent  of  the  applied  strain. 
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Figure  4.  a)  The  optoelectronic  enhancement  for  the  well-dispersed  MEH-PPV  as  a 
function  of  applied  strain  in  various  c’s.  b)  The  enhancement  decreases  with  annealing 
time  at  90  C  in  purged  N2  during  which  crazes  were  relaxed. 
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When  a  strain  was  applied  to  the  films  of  low  MEH-PPV  fractions  (c  <  1%),  a 
large  enhancement  on  photoluminescence  (PL)  that  was  obvious  to  the  hare  eye 
occurred  (Figs.  3a).  Under  a  confocal  PL  microscope,  crazes  were  luminous  brightly 
against  the  backdrop  of  elastically  stressed  film  (Fig.  3b)  indicating  that  the  well 
dispersed  conjugated  polymer  emits  light  more  efficiently  when  stretched  within  the 
crazes.  In  Fig.  3c  where  the  PL  spectra  from  the  films  of  various  c’s  are  shown,  the 
film  of  lower  MEH-PPV  fractions  (c  <  1%)  illustrates  a  considerable  increase  of  PL 
intensity  with  an  applied  strain.  (The  intensity  below  -500  nm,  which  is  due  to 
background  luminescence  of  scattered  incident  beam,  should  be  ignored.)  On  the 
other  hand,  for  higher  c’s  (>5.0%),  the  PL  intensities  were  virtually  invariant  with  the 
applied  strains.  That  is,  no  optoelectronic  enhancement  due  to  stretching  was  observed 
when  the  intermolecular  interactions  between  the  MEH-PPV  molecules  were 
dominant.  For  all  samples,  the  spectra  did  not  show  significant  shift  of  the  major 
emission  peaks  with  the  applied  strain,  consistent  with  PLE  spectra  which  were 
essentially  invariant  to  s  (Fig.  3d).  Comparable  PL  augments  were  observed  under 
either  480  nm  or  350  nm  excitation  wavelength,  but  a  shorter  wavelength  of  350  nm 
was  used  for  most  of  the  data  collections  here  to  minimize  the  interference  effect  of 
incident  beam. 

The  PL  enhancement  as  effected  by  the  local  molecular  deformation  was 
quantified  by  analyzing  the  PL  intensity,  It,  as  contributed  from  the  plastically  flowed 
regions  (the  crazes  or  shear  deformation  zones).  Id,  and  that  from  the  elastic  regions, 
lo  ,  i.e.,  It  =  /o(l  -  Lz)  +  IdV2.  The  PL  enhancement  is  defined  as  the  ratio  of  Id/Io  since, 
as  will  be  shown  later  that  small  strain  produces  no  enhancement  effect,  Iq  can  be 
regarded  as  identical  to  that  of  zero  strain.  The  PL  enhancement  Id/Io  was  thus  readily 
determined  from  the  measured  PL  intensity  It  and  the  applied  strain  s  according  to 
Id/Io  =  It/Ioi^l  V/)  -  I  where  U  =  {s-  0.5%).  As  shown  in  Fig.  4a,  the  enhancement  is 
approximately  25  fold  for  small  strains  {s  ~  2.0  %)  but  decreases  to  a  level 
approximately  6  fold  for  the  largest  strains  at  around  20%  (beyond  which  the 
supporting  copper  grids  starts  to  break). 

Since  it  is  well  known  that  wider  crazes  are  prone  to  undergo  fibril  coalescence 
arising  from  fibril  relaxation  [30],  the  origin  behind  the  decrease  of  PL  enhancement 
with  applied  strain  was  attributed  to  local  fibril  relaxation  in  the  wider  crazes  that  are 
more  populated  in  films  of  greater  strains  (Fig.  la).  To  support  this  view,  a  physical 
annealing  experiment  (90  °C,  N2-purged)  was  conducted  on  the  stretched  samples. 
The  enhancement  Id/Io  was  found  to  decrease  with  annealing  time  and  eventually 
saturate  (Fig.  4b)  when  the  craze  microstructure  finally  stabilized.  Particularly,  the 
decrease  in  the  samples  of  a  small  strain  {s  =  2%)  is  remarkable,  clearly  indicating 
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that  the  relaxation  of  craze  fibril  gives  rise  to  significant  reduction  of  the  PL 
enhancement  triggered  by  large  plastic  flows. 


Figure  5.  a)  When  diluted  with  styrene  oligomer  (Mw  =  2000  g/mol.),  the  film 
samples  embrittle  and  break  at  low  strains.  Corresponding  to  the  increased  local  strain 
within  crazes,  from  s=  300%  to  £•=  550%,  the  PL  intensity  (taken  from  intact  films) 
showed  significant  increases  that  accounted  for  an  enhancement  factor  of 
approximately  33.  b)  The  film  of  fully  plasticized  PS  matrix  (with  blended  55  wt.% 
styrene  oligomer  of  MW  =  760  to  PS)  deforms  uniform  up  to  20%.  For  these  films, 
no  enhancement  effect  on  photoluminescence  was  observed,  c)  Applying  strain  to 
samples  of  MEH-PPV  dispersed  in  PPO  matrix  produces  shear  deformation  zones 
within  which  the  local  molecular  deformation  is  around  s~  60%.  In  these  samples, 
negligible  enhancement  effect  was  observed,  d)  The  PL  enhancement  of  well 
dispersed  MEH-PPV  versus  molecular  deformation. 
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In  addition,  the  PL  enhancement  that  decreases  with  strain  may  also  be 
contributed  by  the  fact  that  narrow  crazes  contain  fibrils  of  greater  draw  ratio  due  to 
the  existence  of  mid-rib,  a  trail  marked  by  highly  stretched  matter  left  at  the  craze 
center  by  the  propagating  craze  tip  [26-28,31].  Since  the  width  of  the  mid-rib  is 
essentially  constant  with  craze  width,  narrow  crazes  have  greater  average  local  plastic 
strains.  The  effect  of  local  deformation  on  the  PL  enhancement  was  further  explored 
by  using  diluted  entangled  PS  as  the  matrix  in  which  the  dispersed  MEH-PPV 
molecules  are  subject  to  greater  molecular  strains  in  the  crazes  [31].  This  was  done  by 
blending  the  long  PS  chains  with  a  styrene  oligomer  (Mw  =  2000  g/mol.)  which  is  too 
short  to  entangle  and  serves  as  diluent  to  the  entangled  chain  network.  The  craze  draw 
ratio  increased  substantially  from  X  ~  4.0  to  ^  ~  6.5  as  the  films  embrittled  [31]  at 
diluent  volume  fraction  Cdn  =  0.5.  For  these  samples,  an  even  greater  PL  enhancement, 
approximately  a  33  fold  increase,  was  observed  (Fig.  5a)  with  only  a  small  strain 
2%.  Evidently,  greater  molecular  deformations  always  lead  to  larger  PL  enhancement 
if  the  conjugated  macromolecules  are  well  dispersed  and  fully  stretched.  In  this 
regime,  the  optoelectronic  enhancement  Id/Io  appears  to  be  approximately  independent 
of  c,  ranging  from  5  to  25,  depending  on  the  condition  of  the  imposed  molecular 
strain. 

This  remarkable  mechano-optoelectronic  effect,  however,  was  not  observed  in  the 
films  with  a  concentrated  MEH-PPV  content  {c  >5.0  %)  (Fig.  3c).  It  is  important  to 
note  that  these  films  were  producing  comparable  population  of  crazes  (Fig.  la)  with 
similar  craze  microstructures  (Fig.  lb).  This  observation  highlights  the  strong 
influence  due  to  inter-molecular  interactions  on  the  mechano-optical  effect  [8,11-13]. 

For  molecular  deformations  lower  than  A.  =  4.0,  the  stretch-induced  PL 
enhancement  was  explored  by  using  either  the  fully  plasticized  PS  or  PPO  as  the 
binding  matrix  for  MEH-PPV.  The  former  was  prepared  by  blending  a  styrene 
oligomer  (MW  ~  760  g/mol.)  to  the  long  PS  chains  so  that  the  film  could  be  strained 
uniformly  without  the  formation  of  crazes  occurring  (Fig.  5b).  In  this  case,  the  local 
molecular  deformation  is  equal  to  the  applied  strain.  For  samples  with  PPO  being  the 
binder  matrix,  the  resulted  molecular  deformation  in  the  local  shear  deformation 
zones  (Fig.  5c)  is  approximately  6=  60%  [29].  In  both  systems,  the  PL  spectra  did  not 
show  any  detectible  enhancement  upon  application  of  strains,  indicating  that  the 
threshold  molecular  strain  for  the  mechano-optoelectronic  effect  is  at  least  beyond  s  = 
60%. 

Thus,  the  dependence  of  the  optoelectronic  enhancement  in  MEH-PPV 
macromolecules  on  molecular  deformation  can  be  summarized  by  a  curve  shown  in 
Fig.  5d,  where  the  enhancement  is  very  small  for  molecular  deformations  less  than  s  = 
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100%  but  increases  dramatically  thereafter  and  approaches  as  high  as  ~33  fold  when 
the  deformation  reaches  8^  550%. 

Molecular  constraints  induced  by  extreme  deformations 

The  origin  of  the  large  strain-induced  enhancement  may  be  unveiled  by  a  revisit  of 
the  classical  Frank-Candon  model  associated  with  the  vibronic  interactions  in  general 
molecular  materials.  Upon  photoexcitation,  the  molecular  orbital  is  perturbed  around 
where  the  electron-hole  pair  is  created.  Then,  due  to  the  induced  steric  interactions, 
local  atomic  spatial  configurations  alter  to  minimize  the  increased  electrostatic 
potential.  For  conjugated  polymers,  the  photo-induced  charge  perturbation  extends 
over  a  length  scale  of  around  1  nm,  or  approximately  6-8  repeating  units,  large 
enough  to  allow  local  bond  rotations  to  take  place  and  form  well-separated  charged 
polarons.  These  passive  chain  conformation  changes  constitute  to  the  molecular  basis 
for  vibronic  interactions  and  charge  self-trapping.  Now,  for  a  polymer  chain  fully 
stretched  and  maintained  by  a  large  force,  bond  rotations  are  made  much  more 
difficult  to  proceed  because  the  Young’s  modulus  has  increased  substantially  and  any 
chain  rotation  will  change  the  chain  length.  Consequent  to  the  diminishing  tendency 
of  charge  self-trapping,  charge  recombination  prevails  and  leads  to  a  dramatic 
increase  of  radiative  quantum  efficiencies.  The  large  threshold  truthfully  reflects  the 
requirement  of  large  deformations  for  effective  segmental  constraints.  The 
enhancement  versus  molecular  strain  may  mimic  the  corresponding  increase  of  the 
Young’s  modulus  of  a  single  molecule.  The  strong  sensitivity  of  PL  enhancement  on 
mechanical  relaxation  also  reflects  the  critical  dependence  of  Young’s  modulus  of 
single  molecules  on  chain  slackness. 

Consistent  with  this  scenario,  large  increases  of  charge  conductivity  were 
observed  in  stretched  solid  films  of  polyaniline  in  which  over  an  order  of  magnitude 
increases  have  been  documented  [36]. 

Moreover,  the  measured  average  binding  energies  of  trapped  polarons  in  ordinary 
MEH-PPV  were  reported  to  be  ranging  approximately  from  0.09  eV  to  0.22  eV 
[14,17,18],  which  are  in  a  comparable  energy  scale  as  that  of  chain  vibration,  ~  0.2  eV, 
as  determined  from  photo-induced  IR-active  vibration  [17]  and  that  of  segmental 
rotation  barriers,  ~  0.1  -  0.2  eV,  from  idealized  molecular  models  [37].  This  general 
information  has  provided  a  well  justified  energy  landscape  for  the  dramatic 
mechano-optoelectronic  interactions  reported  here.  Specifically,  for  MEH-PPV,  cis 
defects  have  been  regarded  as  the  principal  precursors  for  the  photoinduced 
cyclization  of  diarylethenes  into  dihydrophenanthrenes  that  gives  rise  to  the  prevalent 
formation  of  charged  polarons  [17].  These  structural  defects  introduce  deep  levels 
within  the  energy  gap  to  trap  photo-induced  charges  and  dissipated  the  excited  energy 
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through  multi-phonon  emission,  thus  preventing  lumineseenee  [17,19].  Reeently  it 
was  found  that  an  exeiton  is  eapable  of  moving  along  a  single  ehain  of  MEH-PPV 
without  loosing  its  quantum  eoherenee  [38,39].  This  is  in  sharp  eontrast  to  the 
intermoleeular  hopping  meehanisms  dominant  in  eoneentrated  systems  [38,39].  As  we 
observed  here,  the  intraehain  exeiton  transport  ean  be  vastly  enhaneed  in  a  fully 
extended  stretehed  eonjugated  maeromoleeule  due  to  the  redueed  tendeney  of 
self-trapping  of  eharges. 


Other  effeets 

Other  effeets  may  also  partieipate  in  the  proeesses  observed  here.  Moleeular 
deformations  may  spur  inereased  absorption  effieieney  due  to  moleeule  unfolding  to 
the  ineident  light.  This  effeet,  although  not  the  prineipal  driving  foree,  may  further 
inerease  the  observed  meehano-indueed  enhaneement. 

One  important  eorollary  from  the  meehano-optoeleetronie  interaetions  revealed 
here  is  the  large  effeet  due  to  moleeular  eonstraints.  If  vibronie  interaetions  in 
eonjugated  polymers  ean  be  eontrolled  to  result  in  dramatieally  inereased 
optoeleetronie  quantum  gains,  many  feasible  means  other  than  plastie  flows  may  be 
used  to  this  end.  Finally,  moleeular  eonstraints  may  also  lead  to  a  signifieant  inerease 
of  eharge  eonduetivity,  thus  offering  a  new  window  for  effieient  eleetronie  deviees 
based  on  polymers. 

Conclusions: 

In  summary,  a  large  meehano-optoeleetronie  effeet  of  eonjugated  polymers  was 
diseovered  in  that  the  optoeleetronie  effieieney  ean  be  substantially  enhaneed  by 
stretehing  the  moleeules  beyond  a  large  threshold  moleeular  strain.  The  enhaneement 
ean  be  as  high  as  ~  33  fold  as  observed  here,  although  other  seeondary  faetors 
aeeompanying  the  moleeular  deformations  may  also  eontribute  to  the  observed 
enhaneement.  For  moleeular  deformations  smaller  than  the  threshold,  however, 
negligible  enhaneement  was  observed.  In  addition,  the  strain-indueed  quantum  gain  is 
very  sensitive  to  detrimental  loeal  stress  relaxation  and  inter-ehain  energy  dissipation. 
The  observations  indieate  that,  when  eonstrained  by  extreme  plastie  deformations,  the 
strong  eleetron-phonon  interaetions  inherent  to  the  long  1-D  moleeules  are  drastieally 
depressed  due  to  the  inereased  ehain  stiffness  that  restriets  eonformation 
re-adjustment  and  thus  eharge  self-trapping.  The  dramatie  meehano-optoeleetronie 
enhaneement  effeet  reported  here  has  important  implieations  for  the  development  of 
high  effieieney  energy  and  eleetronie  deviees  based  on  polymers. 
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Chapter  2:  Dramatic  Optoelectronic  Enhancement  Induced  by 
Dewetting  Ultrathin  Conjugated  Polymer  Films 


Abstract 

The  photoluminescent  efficiencies  of  the  light-emitting  MEH-PPV  molecules 
were  found  to  have  undergone  an  extraordinary  enhancement  when  they  were 
squeezed  into  ultrathin  film  with  a  thickness  about  1  tenth  of  their  molecular 
dimensions.  This  can  be  done  by  dewetting  thin  polymer  films  containing  MEH-PPV 
molecules  in  which  a  residual  layer  about  3-5  nm  thick  developed  in  the  retreated 
areas  behind  the  dewetting  fronts.  These  monolayer  conjugated  polymers  emitted 
fluorescence  with  very  high  quantum  efficiencies.  The  dewetting  processes  can  be 
carried  out  by  thermal  annealing,  solvent  vapor  imbibing,  or  in  a  multilayered  thin 
film  process.  The  photoluminscent  characteristics  accompanying  the  dewetting  were 
explored  and  discussed.  Finally,  a  light  emitting  diode  was  successfully  fabricated 
based  on  this  monolayer  conjugated  polymer. 

Introduction 

Organic  optoelectronic  devices  [1-3]  for  energy  or  lighting  have  convincingly 
become  one  of  the  most  promising  solutions  for  a  world  facing  stark  challenges  of 
commodity  scarcity.  At  the  core  of  this  endeavor  lies  the  perpetually  advancing 
science  and  technology  of  conjugated  polymers  that  have  consistently  brought  in  new 
breakthroughs  paving  venues  to  industrial  successes.  Recent  noteworthy  streaks  of 
major  discoveries  have  revealed  the  existence  of  strong  effects  of  chain  packing  and 
conformation  that  may  revolutionarily  revamp  the  efficiency  landscapes  of 
polymer-based  devices  [4-10].  In  the  report  herein,  dramatically  enhanced 
optoelectronic  efficiencies  of  conjugated  polymers  were  shown  in  monolayers  in 
which  the  macromolecules  were  confined  and  severely  sheared  by  a  facile  process  of 
dewetting  that  may  be  fully  compatible  with  the  prevailing  technologies  employed  in 
current  semiconductor  industries  [11-15]. 

In  further  details,  the  molecular  condensation  to  form  ultrathin  polymer  films  is 
controlled  by  solvent  evaportation  and  the  long-range  van  der  Waals  forces  that 
dominate  during  the  dynamic  equilibrium.  The  way  how  the  macromolecules  are 
packed  plays  a  very  important  role  in  determining  how  the  conjugated  polymer  reacts 
to  energy  activation  and  dissipation.  In  an  optoelectronic  device,  the  fine  structure  of 
molecule  packing  and  detailed  segmental  interactions  at  interfaces  of  neighboring 
layers  control  the  pivotal  charge  injection  process  dictating  the  overall  device 
efficiencies.  Molecular  recoiling  upon  heating  or  solvent  vapor  imbibing  of  these 
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confined  macromolecules  in  the  ultrathin  films  produced  dewetting  and  new  chain 
ordering  via  intermolecular  or  molecule-  substrate  interactions.  The  optoelectronic 
behavior  of  these  oriented  molecules  provides  unique  opportunity  to  investigate  the 
fundamental  optoelectronic  behavior  of  the  ID  hydrocarbon  chains.  Particularly,  the 
single-molecule  behavior  and  the  inter-molecule  interactions  may  reveal  the 
fundamental  characteristics  of  individual  chromophores  and  conversations  between 
them.  Advent  in  these  frontier  areas  of  conjugated  polymers  research  will  effectively 
shed  important  light  on  the  development  of  organic  optoelectronics  for  efficient 
lighting  or  harnessing  energy  through  photovoltaic  devices. 

Experimental  Section 

MEH-PPV  in  the  experiment  was  purchased  from  Sigma-Aldrich  Chemical  Co., 
with  Mw  125,000-250,000  g/mol  with  polydispersity  (Mw/Mn)  around  5.  Polystyrene 

was  perchased  from  Pressure  Chemical  Co.,  Mw  =  2,032,  Mw/Mn=1.06.  A  blend  of 

solvents  comprising  equal  parted  toluene  (HPLC/SPECTRO,  TEDIA),  THE 
(anhydrous,  TEDIA),  and  cyclohexanone  (GC  grade,  Sigma-aldrich)  was  used  to 
dissolve  the  MEH-PPV  polymer  or  mixture  of  MEH-PPV  and  PS.  The  solution  was 
stirred  slowly  at  50°C  for  12  -  24  hours  and  filtered  (0.45  pm  pore  size)  to  remove 
impurities  in  solution.  The  polymer  solution  was  then  spin-casted  on  1  cm  x  1  cm 
silicon  wafer  and  glass.  The  film  thicknesses,  adjusted  by  changing  the  rotation  speed 
of  spin  coating,  were  20  and  40  nm.  Bare  silicon  wafers,  with  a  thin  layer  of  native 
oxide,  and  glass  cover  slips  were  used  for  the  substrate.  For  some  experiments,  the 
substrate  was  modified  by  precoating  a  thin  layer  of  PDMS  (polydimethylsiloxane, 
Sylgard  182,  Dow  Coming)  via  spin-coating  of  the  toluene  solution.  The  silicone 
coatings  were  then  cured  at  130°C  for  25  minute.  The  thickness  of  silicone  is  around  3 
nm  for  pure  MEH-PPV  film  and  smaller  than  1  nm  for  MEH-PPV/PS  film.  The 
prepared  film  was  protected  from  light  by  foil  wrapping.  Some  samples  used  for  this 
study  were  preared  in  a  glove  box  (MBraun),  but  the  testing  results  were  idendtial  to 
that  of  the  samples  prepared  in  the  ambient  conditions. 

After  being  stored  for  12  -  24  hours  to  allow  for  any  residual  solvent  to 
evaporate,  the  films  were  annealed  in  a  vacuum  oven  at  a  temperature  between  100  - 
130°C,  during  which  the  film  morphological  evolution  and  the  luminescence  spectra 
were  monitored  and  recorded.  Alternatively  the  dewetting  experiments  were  carried 
out  in  a  solvent  vapor  chamber  (Figure  la)  with  a  fixed  temperature  (between  27  - 
30°C)  where  the  solvent  molecules  plasticized  the  film  to  generate  similar  effects  as 
thermal  annealing.  Prior  to  the  solvent  imbibing,  the  air  in  the  solvent  chamber  was 
evacuated  first  before  solvent  introduction.  Optical  microscope  and  atomic  force 
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microscope  was  used  to  record  the  film  morphological  information.  A  fluorescence 
spectrometer  (Perkin  Elmer)  and  a  time-resolved  confocal  microscope  (PicoQuant) 
were  used  to  measure  the  photoluminescence  spectra.  Photoluminescence  mapping  of 
the  dewetted  film  was  done  by  utilizing  a  scanning  near-field  optical  microscope.  In 
order  to  explore  the  thickness  of  the  residual  monolayer  of  dewetted  films,  x-ray 
reflectivity  method  using  the  synchrotron  radiation  (National  Synchrotron  Radiation 
Research  Center,  NSRRC,  X  =  1.54982  A)  was  employed. 
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Fig.  la  Solvent  chamber  Figure  lb.  Structure  of  the  EF  device 

A  light  emitting  diode  was  fabricated  according  to  the  structure  shown  in  Figure 
lb.  The  hole  transport  layer,  PEDOT:  PSS,  Poly  3, 4-ethylenedioxy thiophene) 
poly(styrenesulfonate),  was  spin-coated  on  ITO  glass.  The  MEH-PPV/PS  film  was 
then  spin-cast  on  PEDOT,  followed  by  solvent  dewetting  (80  minutes)  and  subsequent 
coating  with  TPBi  and  Al/EiF.  Al/EiF  was  used  as  the  cathode  to  measure  the 
electroluminescence  characteristics. 

Results  and  Discussions 

Ultrathin  Polymer  Films  As-Deposited  on  Different  Substrates 

The  ultrathin  polymer  films  deposited  on  clean  silicon  wafer  and  glass  slip  shows 
different  film  morphology  and  luminescent  efficiencies.  Films  of  the  same  thickness 
(20  nm)  were  smooth  on  silicon  wafer,  but  were  defected  with  many  small  holes  of  an 
average  depth  around  2.7  ±  0.2  nm  when  deposited  on  glass  slips  (Figure.  2b).  This 
difference  was  unlikely  to  be  arising  from  the  roughness  difference  of  the  two 
substrates  (Figure  2a).  Rather,  it  was  due  to  the  large  difference  between  the 
electrostatic  interactions  (the  Hamaker  constants)  between  the  polymer  film  surface 
and  the  substrate.  For  a  positive  Hamaker  constant  (such  as  the  case  of  polymer  on 
glass  slips),  dewetting  of  the  viscous  polymer  films  at  the  final  stage  of  solvent 
evaporation  during  spin  coating  takes  place  to  give  rise  to  the  formation  of  many 
shallow  small  holes. 
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The  variation  of  dynamic  equilibrium  during  film  formation  also  generates  large 
differences  in  molecular  packing  and  chain  conformation.  That  was  illustrated  in  the 
large  difference  of  luminescence  intensity  of  the  as-deposited  films  on  these  substrates. 
Given  a  same  film  thickness,  the  photoluminescent  intensity  of  the  films  on  the  glass 
is  almost  three  times  than  that  of  the  films  on  glass  (Figure  2b).  Further  depth  of  this 
subject  is  being  explored. 


Figure  2a.  AFM  topography  of  silicon  wafer  (left)  and  glass  slip  (right). 


Figure  2b.  AFM  topography  of  the  as-deposit  MEH-PPV/PS  thin  films  on  silicon 
wafer  (left:  (roughness  =  0.4  nm))  and  glass  slip  (middle:  roughness  =  0.6  nm),  and 
the  PL  spectra  of  both  (right). 

Dewetting  on  Different  Substrates 

As  shown  in  Figure  3,  the  MEH-PPV/PS  film  (20  nm)  on  silicon  wafer 
underwent  dewetting  when  annealed  at  100°C.  During  the  long  annealing  time  before 
the  first  set  of  incipient  dewetting  holes  to  appear,  the  polymer  films  roughened  as  a 
result  of  chain  relaxation.  The  first  set  of  holes  emerged  at  7.8  hrs,  which 
progressively  grew  in  sizes  and  transformed  into  interconnected  ridges  and  then 
droplets.  As  will  be  shown  later,  large  photoluminescence  enhancement  accompanied 
with  the  appearance  of  dewetting  holes  and  droplets. 

For  films  of  the  same  thickness,  it  took  even  longer  times  to  dewet  on  glass  as 
compared  to  that  on  silicon  wafers.  This  is  disregarding  the  fact  that  these  pre-existing 
shallow  holes  served  as  the  nucleation  sites  for  the  dewetting  instability.  Due  to  the 
large  number  of  these  pre-existing  holes,  the  numbers  of  droplets  per  area  after 
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dewetting  on  glass  are  more  than  on  that  on  silieon  wafer  (Figure  4).  Correspondingly, 
the  average  sizes  of  the  droplets  (height  of  111.0  ±  9.7  nm  and  diameter  of  1.5  nm) 
were  mueh  smaller  than  that  on  silieon  (average  height  of  263.0  ±15.0  and  diameter 
of  ~  6  pm).  As  will  be  shown  in  later  seetions,  the  residual  layer  left  over  from 
dewetting  on  the  substrate  developed  following  very  different  pathways.  For  instanee, 
the  sliding  distanee  for  forming  these  residual  layers  sealed  reasonably  as  the 
inter-droplets  distanees,  as  inferred  from  the  growth  kinematies  of  dewetting  holes. 
The  inter-droplets  spaeing  was  about  14  pm,  about  4  times  of  that  (~  3  pm)  on  glass, 
whieh  translates  to  signifieantly  larger  differenee  in  the  aetual  strains  of  these  residual 
layers.  This  provides  an  important  explanation  why  the  optoeleetronie  behavior  of  the 
residual  layers  is  so  different  on  these  two  kinds  of  substrates.  Other  eontributions, 
sueh  as  the  initial  moleeular  paeking  in  the  as-deposite  film,  to  the  deformation  and 
the  optoeleetronie  behavior  require  further  investigation. 


27  hr  71  hr 


Figure  3.  Optieal  and  AFM  mierographs  of  MEH-PPV/PS  film  dewetted  on  silieon 
wafer  upon  annealing  at  100°C  from  0  hr  to  71  hrs. 

In  some  situations  where  surfaee  treatments  may  be  desired  to  modify  the  surfaee 
property  as  related  to  dewetting,  a  thin  silieone  rubber  was  applied  to  these  surfaees 
before  spin  eoating  the  ultrathin  polymer  film.  Generally  speaking,  the  dewetting 
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became  much  faster,  as  shown  in  Figure  4  where  incipient  dewetting  holes  emerged  at 
around  40  minutes  annealing  time,  significantly  shorter  than  7.8  hours  on  silicon 
wafter.  One  important  revelation  from  Figure  4  is  the  obvious  coarsening  of  the 
droplets  even  after  the  islands  had  been  well  developed  as  shown  by  the  variation 
from  150  minutes  annealing  time  to  420  minutes.  This  indicates  the  existence  of  large 
scale  mass  transfer  of  the  giant  molecules  over  a  length  scale  up  to  around  10  microns 
via  the  mechanical  linkage  of  the  residual  layer  of  thickness  around  ~  3  nm.  This 
continuous  evolution  of  the  residual  layer  explains  the  further  increase  of  the 
optoelectronic  enhancement  after  island  formation  as  will  be  reported  in  later  sections. 


Droplets  on  wafer  at  71  hr 


Droplets  on  glass  at  124hr 


Figure  4.  Dissimlar  droplets  patterns  resulted  on  different  substrates  of  the  dewetted 
MEH-PPV/PS  films. 


Figure  4.  OM  and  AFM  micrographs  of  the  morphologica  evolution  of  MEH-PPV/  PS 
films  on  silicone  coating  over  silicon  wafer  under  thermal  annealing. 


Dewetting  of  Pure  MEH-PPV  Film 
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For  pure  MEH-PPV  film  (20  nm),  it  needed  much  longer  times  to  dewet  so  we 
generally  coated  a  thicker  silicone  layer  (4-5  nm)  on  the  substrate.  The  silicone 
coating,  however,  did  not  change  too  significantly  the  long  range  van  der  Waals 
interactions  between  the  surfaces  such  that  small  pre-existing  holes  persisted  in  the 
as-deposited  film.  Figure  5a  shows  the  dewetting  process  of  the  film  on 
silicone-coated  glass.  The  dewetting  holes  first  emerged  at  around  12  hours  annealing, 
which  grew  very  slowly  for  about  2 1  hours  and  suddenly  transformed  into  droplets  at 
around  33  hours.  As  shown  in  Chapter  5,  this  is  due  to  mechanical  energy  coupling 
between  the  polymer  film  and  thick  soft  elastic  substrate  that  gives  rise  to  growth 
standstill  of  the  holes  and  only  when  the  polymer  film  had  been  fully  relaxed  the  holes 
can  start  to  grow  again  [16]. 


Figure  5a.  The  AFM  images  of  the  pure  MEH-PPV  film  dewetted  at  100°C.  (a)  Ohr  (b) 
12hr  (c)  24hr  (d)  3  3  hr. 


Eigure  5b.  The  AFM  images  of  the  pure  MEH-PPV  film  dewetted  at  130°C.  (a)  Ohr  (b) 
Ih  (c)  4hr  (d)  20hr 


dewetting  time  (hr) 
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Figure  5c.  The  roughness  of  the  pure  MEH-PPV  film  (between  droplets)  during 
dewetting  at  130°C. 

To  further  accelerate  the  dewetting  process,  the  annealing  temperature  was  raised 
from  100°C  to  130°C  and  the  emergence  of  the  dewettign  hole  hastened  to  less  than  1 
hour  and  the  droplets  suddenly  formed  subsequently  (Figure  5b).  The  droplets 
continued  to  increase  in  sizes  with  increasing  annealing  time  along  with  the  decrease 
of  film  roughness  (between  droplets)  as  shown  in  Figure  5c. 

On  silicon  wafer  which  was  previously  coated  with  a  thin  silicone  layer  (~  Inm), 
the  MEH-PPV  film  (20  nm)  dewetted  into  numerous  droplets  (Figure  6)  after  13  hours 
at  130°C. 


Figure  6.  The  OM  micrographs  of  the  dewetting  MEH-PPV  films  at  130°C  on  thin 
silicone-coated  silicon  wafer. 


Photoluminescence  of  Dewetted  Films 

Corresponding  to  the  film  evolution  on  Si  wafers  and  glass  slips  arising  from 
thermal  dewetting  shown  in  Figure  3,  Figure  7  displays  the  PL  spectra  using  350  nm 
excitation.  The  main  emission  peaked  at  565  nm  for  films  on  both  substrates.  After 
annealing  the  peak  shifted  to  585  nm  and  the  PL  intensity  declined,  consistent  with 
the  phenomenon  of  conjugated  segments  aggregation.  [1,2].  The  presence  of 
inter-chain  interactions  in  conjugated  polymers  can  revealed  by  measuring  the  PL 
excitation  spectra  and  it  was  found  that  there  are  different  excited  states  in  the 
polymer  films.  As  shown  in  Figure  7,  the  intensities  of  the  585  nm  emission  for  films 
on  both  substrates  remained  weak  even  after  long  annealing  times.  The  blue  shift 
signals  the  decrease  of  conjugated  length  and  may  be  attributed  to  separation,  such  as 
de-aggregation,  of  the  MEH-PPV  molecules. 

Interesting  enough,  concurrent  to  the  red-shift  existed  there  a  new  emission  at 
around  540  nm  that  caused  a  considerable  progressive  blue  shift  of  the  main  emission. 
The  emergence  of  this  new  blue  shift  peak  accompanied  with  the  appearance  of 
dewetting  holes.  From  the  PL  spectra,  the  enhancement  factor  on  bare  wafer  and  glass 
are  totally  different.  The  enhancement  factor  of  wafer  and  glass  are  5.47  and  1.52 
respectively  (Figure  7).  As  discussed  in  the  previous  sections,  drastically  different 
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strains  accumulated  in  the  residual  films  may  account  for  the  dissimilar  enhancement 
behavior  of  the  dewetting  films  on  these  two  substrates. 


Annealing  tinie(hrs)  Annealing  time(hrs) 

Figure  7.  PL  spectra  of  the  film  of  MEH-PPV  blended  with  PS  on  silicon  wafer  (left) 
and  glass  (right). 


Figure  8.  The  shifts  of  main  emission  peak  and  its  intensity  as  a  function  of  annealing 
time  for  films  on  silicon  wafers  (left)  and  glass  slips  (right). 


In  a  similar  experiment  but  the  silicon  wafer  was  pre-coated  with  a  thin  layer  of 
silicone,  the  variation  of  photoluminescence  was  similar  to  that  shown  in  Figure  7  but 
the  enhancement  was  about  20  times  (Figure  8). 

For  pristine  MEH-PPV  films  on  silicon  wafer  precoated  with  thin  silicone  layer, 
the  photoluminescence  intensity  varied  with  the  progress  of  dewetting  (130°C) 
following  the  same  fashion  as  the  MEH-PPV/PS  film  with  an  optical  enhancement  of 
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5  times  as  the  main  emission  peak  shifted  from  585  nm  to  535  nm  (Figure  9).  No 
red-shifts,  however,  were  observed.  This  may  be  due  to  the  faet  that  the  as-deposited 
film  emitted  at  585  nm,  the  red-shifted  wavelength  of  the  blend  films.  This  also 
indieated  that  annealing  did  not  faeilitate  in  the  neat  resin  further  ehain  aggregation 
that  eauses  red  shifts. 


Wavelength  (nm) 


Figure  9.  PL  spectra  of  dewtting  MEH-PPV  film  Si  wafers  precoated  with  thin 
silicone. 


Wavelengh(nm) 


Figure  10.  The  PL  spectra  of  MEH-PPV  film  annealed  at  (a)100°C  (h)  130°C  for 
different  dewetting  time. 

Dewetting  of  pristine  MEH-PPV  films  (20  nm)  on  glass  that  was  pre-coated  with  a 
thick  silicone  layer,  the  PL  spectra  varied  similarly  with  that  of  MEH-PPV/PS  on  bare 
glass  (Figure  10),  but  again  without  the  red  shift.  The  blue  shifted  emission,  however, 
did  not  show  enhancement,  likely  arising  from  the  lesser  degree  of  effective 
deformation  of  the  fully  relaxed  polymer  film  at  the  substrate. 


The  Residual  Monolayer 

As  clearly  illustrated  by  the  results  shown  above,  the  blue  shifted  emission  arises 
from  the  development  of  holes  during  dewetting.  Further  investigation  into  the 
dewetted  film  had  revealed  that  there  exists  an  very  thin  layer  of  so-called  “residual 
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film”  behind  the  dewetting  front  (Figuire  11,  left  depletion)  resulted  from  severe  shear 
of  the  thinning  film  by  substrtae  frietion  under  the  influenee  of  favorable  long  range 
van  der  Waals  interaetions.  This  thin  layer,  measured  by  AFM  to  be  around  2-5  nm 
thiek,  adheres  strongly  to  the  substrate  sueh  that  solvent  dipping  that  dissolved  the 
relatively  large-sized  droplets  eould  not  remove  this  monolayer. 

Under  a  eonfoeal  mieroseope,  this  monolayer  emitted  light  quite  brightly  when 
the  foeus  eondition  was  appropriate  (Figure  11,  right  depletion). 

Preliminary  data  of  near  field  seanning  optieal  mieroseope  survey  indieated 
strong  lumineseenee  emitting  from  the  regions  of  holes  (Figure  12). 


Figure  11.  (left)  Sehematie  drawing  for  the  residual  film  and  (right)  eonfoeal 
lumineseent  mierograph  of  dewetted  films 
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Figure  12.  Seanning  near-field  optieal  mieroseopy  of  dewetted  MEH-PPV  film 


The  thiekness  of  the  residual  MEH-PPV  was  further  measured  by  x-ray 
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reflectivity  using  synchrotron  radiation  (Figure  13)  with  a  multilayer  fitting  procedure. 
The  thickness  of  the  residual  layer  was  found  to  be  around  5  nm  or  4  nm  (Tables  1 
and  2),  respectively,  for  MEH-PPV  or  MEH-PPV/PS  films,  independent  of  film 
thickness. 


Figure  13.  X-ray  reflectivity  data  the  dewetted  films **o¥°"” MEH-PPV  (left)  and 
MEH-PPV/PS  film  (right). 


Layer 

Thickness  (nm) 

Roughness  ( nm) 

MEH-PPV  droplets 

62.554 

7 

Residual  film 

5.5 

1.5 

Silieone 

0.87733 

0.2 

Silieon  oxide 

3.5414 

0.39273 

Table  1 .  The  fitting  result  of  dewetted  MEH-PPV  film 


Layer 

Thickness  (nm) 

Roughness  ( nm) 

MEH-PPV  droplets 

356.7 

29.835 

Residual  film 

3.9 

0.34765 

Silieone 

0.19414 

0.13 

Silieon  oxide 

1.0701 

0.2927 

Table  2.  The  fitting  result  of  dewetted  MEH-PPV/PS  film 


Single  molecule  spectroscopy  [8-10]  was  further  used  to  investigate  the 
luminescent  characteristics  of  the  conjuaged  polymer  before  and  after  dewetting. 
Ordinary  single  molecule  conjugated  polymer  luminescence  (Figure  14a,  left)  as 
compared  to  that  after  dewetting  (Figure  14a,  right)  indicates  that  the  large  shear 
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extension  significantly  reduces  the  number  of  single  molecules  but  the  luminescence 
intensity  of  individual  molecules  increases  dramatically.  The  luminescence  lifetime 
also  increases  substantially  in  the  dewetted  sample  (Figure  14,  right)  indicating  that 
the  phonon  induced  exciton  annihilation  is  depressed  by  molecular  confinement. 
Furthermore,  while  ordinary  single  molecule  luminescence  shows  characteristic 
blinking  (Figure  14c),  the  stretched  single  molecules  do  not  demonstrate  any  blinking. 


a) 


0  5  TO  TO  ?0 

Time  (sec) 


Figure  14.  a)  Single  molecules  emitting  lights  from  the  as-deposit  film  before 
dewetting  (left  micrograph)  and  the  residual  layer  of  the  dewetted  region  (right 
micrograph),  b)  Decaying  characteristics  of  the  single  molecule  luminescence 
corresponding  to  a),  c)  Blinking  of  the  MEFI-PPV  single  molecule  before  dewetting. 
No  blinking  of  the  molecules  in  the  residual  film. 

The  deformation  induced  optoelectronic  efficiencies  are  in  excellent  agreement 
with  that  observed  in  the  plastic  deformation  zones  (crazes)  in  glassy  polymers,  as 
reported  in  Chapter  1.  The  blue  shifts  observed  in  the  dewetted  films,  which  was 
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attributed  to  the  decrease  of  the  aggregate  state  of  MEH-PPV  molecules,  are 
consistent  with  the  large  deformation  accumulated  in  the  residual  films  of  long  hole 
retreating  distance. 


“Solvent  Dewetting” 

The  thin  polymer  films  underwent  dewetting  in  ambient  temperatures  when 
imbibing  the  solvent  vapor  (solvent  annealing)  [13-15],  Figure  15  shows  the 
dewetting  due  to  solvent  annealing  of  the  MEH-PPV  and  MEH-PPV/PS  films  (20  nm). 
The  photoluminescent  spectra  of  these  “solvent  dewetted”  films  demonstrated  a 
behavior  very  similar  to  that  observed  in  the  thermal  dewetted  films.  This  indicates 
that  dewetting  of  polymer  ultrathin  films  by  either  thermal  annealing  or  solvent 
annealing  follows  similar  routes  that  a  thin  layer  of  residual  molecules  developed  on 
the  retreated  surface.  These  highly  sheared  monolayers  of  conjugated  polymer  emit 
light  with  extraordinarily  high  optoelectronic  efficiencies. 
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Figure  15a.  Solvent  vapor  dewetted  MEH-PPV  film  (a)  OM  images  (b)  PL  speetra 
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Figure  15b.  Solvent  dewetted  MEH-PPV/PS  film  and  their  PL  spectra. 

Although  these  films  that  underwent  solvent  dewetting  did  show  clear  red  shift, 
possibly  due  to  smaller  opening  force  operative  during  the  layer-on-layer  solvent 
dewetting,  samples  of  diluted  MEH-PPV  in  PS  clearly  demonstrated  red  shift  upon 
first  contact  the  solvent  vapors.  Figure  16  shows  the  spectra  of  1%  MEH-PPV  in  PS 
(MW  =  2k)  on  the  substrates  of  silicon  wafer  and  glass  slip.  Clearly  shown,  the 
luminescence  decreased  progressively  with  the  solvent  vapor  contact  time,  indicating 
that  when  the  solvent  contact  the  thin  film,  polymer  chains  would  tend  to  relax  and 
aggregate.  This  may  change  the  conformation  of  polymer  chains  and  also  affect  the 
conjugation  length  of  chromophores.  There  are  significant  differences  regarding  the 
blue  shift  characteristics  of  the  films  on  different  substrates,  which  are  being  explored 
in  the  light  of  molecular  packing  as  influenced  by  the  substrate  during  spin  coating. 


Wavelength  (nm) 


Wavelength  (nm) 


Figure  16.  PL  spectra  of  1%  MEH-PPV/99%PS  film  on  silicon  wafer  (a)  and  glass 
substrate  (b). 

Multilayer  Dewetting 

Finally,  a  new  experiment  of  multilayer  dewetting  was  conducted  to  verify  that 
ultrathin  layer  of  “sheared”  conjugated  polymer  can  emit  light  several  times  of  that  in 
a  relatively  unstrained  state.  Samples  were  prepared  by  spinning  a  5  nm  thick 
MEH-PPV  film  on  silicon  wafer.  Then,  a  40  nm  thick  PS  film  of  200k  molecular 
weight  was  prepared  by  spin  coated  on  a  glass  slip,  floated  off  the  substrate  on  a  water 
surface  after  overnight  drying,  and  then  picked  up  from  the  water  surface  to  the  5  nm 
thick  MEH-PPV  film.  The  sandwiched  sample  underwent  dewetting  in  a  solvent 
vapor  environment.  As  shown  in  Figure  17,  identical  photoluminescent  was  observed 
and  a  final  optoelectronic  enhancement  factor  of  14  times  was  obtained  (Figure  17), 
confirming  our  stretch-induced  mechanism  for  extraordinarily  enhanced 
optoelectronic  efficiencies  for  conjugated  polymers. 
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Figure  17.  Dewetting  of  the  multilayer  samples  and  the  PL  spectra. 
Electroluminescence  Performances 


Figure  18.  Electroluminescence  of  devices  based  on  the  non-dewetted  film  (left)  and 
the  dewetted  film  (right). 
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Light  emitting  diodes  were  made  from  MEH-PPV/PS  films  before  and  after 
dewetting  aeeording  to  the  stmeture  depieted  in  Figure  lb.  The  MEH-PPV/PS  film 
was  transformed  into  droplets  and  the  residual  layer  after  80-minute  of  solvent 
dewetting.  Sueeessful  deviees  were  made  out  of  the  dewetted  film  whieh  elearly 
shows  the  blue  shifts.  This  opens  a  new  window,  partieularly  along  with  the 
multilayer  dewetting  teehniques,  for  feasible  applieations  with  extraoridanrily  high 
optoeleetronie  effieieneies  of  eonjugated  polymers. 

Conclusions 

The  photolumineseent  behavior  of  the  light-emitting  MEH-PPV  moleeules  was 
found  to  have  undergone  a  series  of  signifieant  ehanges  upon  annealing  when  the 
moleeules  were  dispersed  in  optieally  inert  ultrathin  polymer  films.  In  the  beginning, 
the  major  emission  peak  had  red  shifted  slightly  from  565  nm  to  585  nm,  with  a 
pronouneed  deerease  in  intensity,  whieh  was  eontributed  by  the  well-reported 
aggregation  effeet.  As  annealing  time  inereased,  the  red-shifted  peak  eontinued  to 
deerease  until  the  dewetting  holes  emerged  when  the  lumineseenee  started  to  blue 
shift  progressively,  ultimately  to  540  nm,  aeeompanied  with  a  dramatie  intensity 
inerease  that  may  go  as  high  as  20  fold.  Almost  identieal  behavior  was  observed  in  the 
dewetting  proeesses  indueed  by  solvent  vapor  imbibing  (solvent  annealing).  The  large 
lumineseenee  enhaneement  was  found  due  to  the  development  during  dewetting  of  a 
residual  monolayer  (ea.  3  -  4nm)  within  whieh  the  eonjugated  polymer  ehains  were 
severely  sheared  and  eonfmed  to  the  substrate.  A  diversity  of  faetors  that 
demonstrated  strong  effeets  on  the  enhaneement,  sueh  as  the  substrate  Hamaker 
eonstant,  interfaee  rigidity,  and  the  eoneentration  of  the  eonjugated  moleeules,  pointed 
to  the  dominating  influenee  of  ehain  eonformation  within  the  residual  monolayers  on 
lumineseenee.  Single  moleeule  speetroseopy  indieated  that  the  lumineseenee  intensity 
of  the  stretehed  moleeules  enhaneed  signifieantly  along  with  the  signifieantly 
inereased  lifetime.  The  blinking  eharaeteristies  were  also  found  to  have  vanished  in 
the  sheared  moleeules,  indieating  that  exeitons  annihilation  deereased  substantially. 
The  dewetting  indueed  optoeleetronie  enhaneement  was  eompatible  with  eurrent 
manufaeturing  proeesses  and  a  simple  light  emitting  diode  based  on  the  monolayer 
was  sueeessfully  fabrieated. 
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Chapter  3:  Molecular  Stresses  in  Metastable  Ultrathin  Polymer 
Films  Prepared  by  Spin  Coating 


Abstract 

The  residual  stress  operative  in  thin  films  of  a  polymer  (polystyrene)  prepared  by 
spin  coating  was  determined  from  the  local  elastic  stress  release  induced  by 
nucleation  of  pinholes  during  the  dewetting  instability.  The  local  stress  was  found  to 
be  independent  of  the  position  in  the  film  and  is  orders  of  magnitude  greater  than  the 
capillary  force.  It  was  attributed  to  entropy-driven  chain  recoiling  of  the  confined 
macromolecules.  The  molecular  deformation,  approximately  or  -  5  for  thickness  r  =  4 
nm,  is  large  enough  that  it  can  only  be  described  by  the  Langevin,  rather  than 
Gaussian,  chain  statistics.  The  effects  of  spin  speed  and  aging-induced  relaxation,  as 
well  as  molecular  packing  were  investigated.  A  unique  dependence  of  the  total 
molecular  force  versus  t  reveals  a  broad  minimal  in  the  thickness  regime  from  Rg  to 
2Rg  corresponding  to  the  minimal  molecular  layers  in  the  ultrathin  film.  A  molecular 
process  dominated  by  the  solvent  evaporation  and  pinned  boundary  layer  during  spin 
coating  is  consistent  with  the  observed  behavior  of  molecular  stress  and  chain 
deformation  in  the  ultrathin  polymer  films. 


Introduction 

Polymer  thin  films  are  being  used  extensively  and  form  the  important  basis  for 
modem  technologies.  Recently,  ultrathin  polymer  films  (1  -  100  nm)  have  attracted 
broad  interests  because  of  the  low  costs  and  their  enabling  capabilities  for  a  wide 
range  of  applications  where  surface  properties  play  an  important  role  [1-18].  The 
polymer  thin  coatings  not  only  can  provide  specifically  tailored  optical,  electrical, 
adhesive,  frictional,  and  biological  performances,  but  also  are  able  to  control  surface 
reactions  for  important  bio-,  chemical,  or  physical  events.  Ultrathin  films  also  are  a 
convenient  form  for  studying  the  fundamental  behavior  of  macromolecule,  in  which 
the  complicated  processes,  such  as  chain  topological  entanglements,  crystallization, 
and  exciton-phonon  interactions,  can  be  simplified  and  studied  in-thorough  in  the 
reduced  dimensions.  Most  of  these  films  are  prepared  by  solution  cast  via  spin  coating 
[19-29].  However,  due  to  the  fast  solvent  evaporation  and  the  fast  spinning  action,  the 
films  so  prepared  are  not  in  the  thermal  equilibrium  and  hence  contain  significant 
residual  stresses.  Despite  the  numerous  papers  that  have  revealed  interesting 
observations  of  flow-induced  molecular  deformation  [30-32]  or  that  devoted  to 
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empirical  [22-24]  or  theoretical  analyses  [25-29]  of  the  spin  coating  process,  the 
molecular  scenario  that  controls  the  chain  conformation  in  the  thin  polymer  films  is 
still  lacking.  Thus,  quantitative  exploration  of  the  residual  stress  and  chain 
conformation  is  crucial  for  precise  control  of  the  thin  film  properties,  which  is 
prerequisite  for  any  sensible  investigations  based  on  this  type  of  systems. 

For  a  long  time,  the  force  acting  on  thin  polymer  films  was  considered 
exclusively  due  to  the  capillary  force,  -  A/ (A:  Hamaker  constant;  r.  film  thickness) 
[9-13].  Only  until  recently  when  the  entropy-driven  molecular  recoiling  force,  a 
unique  feature  of  long  chain  molecules  confined  in  reduced  dimensions,  was  firstly 
recognized  [14-18].  In  this  article,  the  molecular  force  acting  in  ultrathin  polystyrene 
(PS)  film  was  measured  using  a  well  defined  micro-mechanical  approach,  in  which 
the  atactic  PS  serves  as  an  ideal  model  system  for  all  amorphous  linear  polymer 
chains.  The  residual  force  was  found  to  be  predominantly  originated  from  recoiling  of 
the  confined  long  chain  macromolecules  and,  in  comparison,  the  capillary  force  can 
be  neglected  in  this  case.  The  molecular  recoiling  force  was  further  revealed  to  be 
stable  during  an  accelerated  aging  at  80°C  up  to  14  days,  consisting  with  the  assertion 
that  chain  movements  in  ultrathin  polymer  films  were  restricted  by  surface  adhesion. 
The  structure  of  the  ultrathin  film  was  examined  by  calculating  the  chain 
conformation  using  a  general  Langevin  statistics.  It  was  found  that  the  total  force 
exerting  on  the  film  manifests  a  broad  minimum  in  the  film  thickness  range  oiRg-2 
Rg,  corresponding  to  a  mono-molecular  layer  structure  in  the  film.  From  the 
observations,  the  dynamics  of  macromolecules  during  spin  coating  was  revealed  and  a 
simple  contact  shear  model  can  satisfactorily  explains  the  observed  polymer 
conformation  in  the  film  as  solvent  concentration  varies. 


Experimental  Methods 

Atactic  monodispersed  polystyrene  (PS)  thin  films  were  used  as  a  model  system 
for  amorphous  linear  macromolecules  to  study  the  residual  stress  and  molecular 
deformation  in  the  ultrathin  films  that  are  prepared  by  the  spin  coating  method.  The 
PS  (Pressure  Chemical  Co.,  Mw  =  400,000,  Mw/Mn  <  1.10)  was  used  as  received 
without  further  purification  to  make  the  coating  solution  in  toluene  solvent.  PS  thin 
films  were  cast  on  clean  silicon  wafer,  normally,  by  using  a  fixed  spin  speed  (4500 
rpm)  with  the  polymer  concentration  (c)  adjusted  to  yield  various  film  thicknesses  (4  - 
80  nm).  Alternative  series  of  PS  films  were  prepared  by  varying  the  spin  speed  with 
fixed  concentration  c.  The  polymer  concentrations  used  in  the  experiment,  from  1.5  to 
10.0  mg/ml,  were  significantly  less  than  the  critical  concentration  for  semidilute 
solution  (c*~  22mg/ml).  The  film  thickness  was  found  to  increase  linearly  with  c  (Fig. 
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2c,  inset)  [22]  and  for  c  less  than  a  critical  concentration  cg  (~  0.8  mg/ml)  perforated 
and  porous  coatings,  instead  of  complete  films,  were  obtained.  When  the  films  were 
dried  in  the  ambient  for  2  days,  they  were  placed  in  an  oven  at  170°C  for  a  series  of 
time  lengths  to  allow  various  extents  of  dewetting  in  the  films  to  take  place.  The 
dewetted  films  were  then  examined  under  an  optical  microscope  and  an  atomic  force 
microscope  (AFM).  From  the  film  topography,  the  underlying  physics  that  govern  the 
film  behavior  were  investigated. 


Results  and  Discussions 

The  PS  films  were  spin  coated  from  the  dilute  solutions  where  PS 
macromolecules  were  suspending  isolated  coils  that  were  spread  by  the  swirling 
actions  during  the  spin  coating  and  coalesced  with  one  another  in  response  to  the 
rapid  solvent  evaporation  to  form  continuous  solid  film.  Hence,  these  films  are 

non-equilibrated  and  forces  exist  in  the  films.  Within  a  few  minutes  at  170°C,  tiny 

pinholes  were  observed  in  the  polymer  film,  a  clear  sign  of  the  onset  of  dewetting. 
The  distribution  and  growth  of  these  tiny  holes  did  not  show  any  significant 
dependence  on  the  locations  in  the  film.  This  observation  strongly  indicates  that  the 
local  stress  in  the  ultrathin  film  is  position-insensitive  and  r-independent.  As  a  direct 
result  of  hole  nucleation,  local  release  of  the  in-plane  elastic  stress  (a)  in  the  PS  film 
took  place  to  give  a  local  thickness  increase  at  around  the  hole  edge  and  form  a 
lumped  structure  (the  crest)  at  the  hole  periphery  (Fig.  la),  which,  as  will  be  shown 
later,  can  be  used  to  analyze  the  released  stress.  The  cross-sectional  profile  of  the 
incipient  hole  is  generally  curved  (Fig.  Ic)  with  the  surface  angle  generally  less  than 
10°.  The  crest  height  (  )  was  found  to  increase  linearly  with  the  hole  depth  (D)  up  to 
the  point  of  substrate  contact  {D  =  )  (Fig.  2a  and  2b).  The  data  also  show  that  both 
the  .-Z)  dependence  and  the  magnitude  of  .  are  approximately  invariant  of  the 
dewetting  time  in  the  incipient  hole  growth.  From  this  linear  dependence,  the  polymer 
layer  underneath  the  incipient  hole  is  thus  assumed  to  be  unrelaxed  and  still  subject  to 
the  original  lateral  stress  (p  =  oo).  By  the  same  token,  the  subsequent  growth  of  the 
newly  created  holes  is  also  assumed  to  be  independent  of  the  depth  of  the  hole,  Z),  in 
this  stage  (0  <  Z)  <  r).  Laterally  away  from  the  incipient  holes,  the  rest  of  the  film  is 
protected  by  the  adhesion  to  substrate  and  hence  can  be  assumed  still  under  the 
original  residual  stress  ag  provided  that  chain  relaxation  in  the  ultrathin  PS  film  has 
not  created  significant  variation  in  the  chain  conformation  and  the  resulted  stress;  as 
will  be  demonstrated  later  in  an  aging  experiment,  this  is  a  reasonable  assumption  at 
least  in  the  incipient  hole  growth  stage.  For  longer  annealing  times  at  the  dewetting 
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temperature,  substrate  exposure  oeeurred  when  the  hole  grew  beyond  the  ineipient 
stage  (A  =  t)  and  the  influenee  of  substrate  surfaee  tension  began  to  partieipate.  From 
this  point  on,  frietional  interaetions  between  the  PS  film  and  substrate  took  plaee  and 
the  material  removed  from  the  hole  region  was  transferred  to  edge  of  the  hole, 
resulting  a  rapid  inerease  of  height  at  the  hole  edge  (Fig.  la).  To  differentiate  from 
that  due  to  elastie  stress  release,  the  loeal  thiekness  inerease  around  the  edge  of  the 
hole  from  material  pileup  beyond  the  ineipient  stage  was  termed  “rim”.  Only  the  erest 
heights  s)  obtained  in  the  ineipient  stage  were  used  to  analyze  the  thin  film  stresses, 
(a) 


(d) 


Fig.l.  a)  a  series  of  AFM  3d  topographie  seanning  of  a  growing  ineipient  dewetting 
hole  that  shows  a  erest  around  the  hole  edge  inereasing  with  time  (400k  PS,  40  nm),  b) 
a  sehematie  drawing  of  an  ineipient  dewetting  hole  (light-shaded  area)  and  one  that 
has  grown  to  toueh  the  substrate  (dark-shaded  area),  e)  eross-seetion  of  an  ineipient 
hole,  and  d)  modeling  showing  the  exertion  of  pressures  po  and  pi  on  an  ineipient  hole 
of  an  inner  radius,  a,  and  the  outer  peripheral  radius,  b. 
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Following  Timoshenko  [33],  the  stresses  cr^  and  ao  at  the  vicinities  of  a  round 
hole  under  the  influences  of  an  external  stress  pe  and  an  internal  stress  pi  in  a  thin  film 
under  the  plane  stress  condition  (ctz  =  0)  (Fig.  Id)  can  be  expressed  as 


_a^b^iPi-Pe)  Peb^ 


■pp 


(Eq.l) 


a^b\p,  -  pj  py  -  pp^ 

{b^-a^y^  y-a^ 

The  assumption  that  =  0  is  reasonable  for  ultrathin  films  and  the  outer  radius  b  is 
reeognized  as  the  lateral  limit  beyond  whieh  the  meehanieal  perturbation  due  to  hole 
formation  vanishes.  The  simple  geometries  shown  in  Fig.  Id  indieate  that  the  external 
stress  Pe  and  internal  stress  pi  for  an  ineipient  hole  during  dewetting  equal  to  cjo  and 


(JoCOS^O,  respeetively.  It  is  further  observed  that  the  Timoshenko  equations  are 


eonsistent  with  the  boundary  eonditions  of  an  ineipient  hole  that  cjr  =  cj0  =  pe=  cJo  for  r 

=  a  =  0  (before  the  onset  of  de wetting)  and  r  b  (far  away  from  the  hole). 

Assuming  linear  elastieity,  for  a  relaxed  tiny  layer  (with  thiekness  dD)  in  the 
polymer  film,  its  eontribution  to  the  erest  height  at  the  hole  edge,  dS,  will  be  related  to 
the  stress  release  {Acjr  +  AaS)  as 

—  V 

dS  =  Ae^  •  dD  = - (Acr^  +  A(7^)dD 

E 

where  Aar  =  co-  and  Aae  =  (Jq-  gq.  For  As  suffieiently  smaller  than  r,  the  effeet  of 
adhesion  may  be  negleeted  sueh  that  the  material  eonstants  v,  E,  and  the  stress  release 
(Aa,  +  are  independent  with  the  depth  of  the  film.  Further,  at  the  edge  of  the 

hole  (r  =  a),  it  can  be  shown  from  Eq.  1  that  Acr^  =  p.  -  Pg  =  <t(cos^  ^  - 1)  =  Acr^  and 


thus 

dS  =  — [2(Tg(l  -cos^  6)\dT  =  ^^*^0  ^  dr 

E  E 

It  is  reasonable  to  approximate  that  the  molecular  deformation  of  the  confined  chains 
in  the  ultrathin  films  is  independent  of  z  and  thus  the  stress  oo  is  also  z-independent. 
Therefore,  under  the  previous  assumption  that  film  growth  is  independent  of  D,  such 
that  the  total  crest  height  5  is  simply  the  integration  of  dS  over  the  whole  thickness  r 
to  be 


S  = 


E 


J  sin  ^  9dD 

0 


The  integration  requires  detailed  information  of  the  cross-sectional  profile  of  the 
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incipient  holes  and  can  usually  obtained  readily  from  the  AFM  data.  For  the  purpose 
of  illustration,  the  angle  6  is  assumed  to  be  a  constant  (independent  of  z)  for  each 
incipient  hole  and  determined  from  tan"^(Z)/a)  or  tan'^(r/a(?).  Then,  the  residual  stress 
(Jo  can  be  related  to  and  calculated  from  S,  d,  and  6  according  to 
SE 


2h/(1-cos^  6) 
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Figure  2.  a,b)The  crest  height  of  an  incipient  hole  increases  linearly  with  hole  depth 
for  PS  (400K)  films  of  thickness  of  20  and  40  nm  for  a)  and  b)  respectively,  c)  The 
molecular  recoiling  stress  (To  increases  rapidly  as  film  thickness  decreases  to  below  Rg, 
in  comparison  with  the  capillary  force  (in  red  line)  calculated  using  a  Hamaker 
constant^  =  10'^®  J,  and  d)  recoiling  force  f  =  cjff  rasa  function  of  film  thickness  t. 


Since  the  polymer  film  is  rubbery  at  the  dewetting  temperature  (170°C),  we  have  v  = 

0.5  and  E  =  0.2  MPa  obtained  from  the  rubbery  plateau*^.  Since  the  ratio  {5/D)  is  a 
constant  up  to  Z)  =  r  (Fig.  2a  and  2b),  the  crest  height  5  was  conveniently  taken  from 
its  value  aX  D  =  t  for  calculations  of  residual  stress  tq.  Furthermore,  due  to  the  fact 
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that  the  configuration  of  the  film- sub  strata  interface  remains  approximately  unaffected 
during  the  incipient  dewetting,  the  measured  residual  stress  (Jq  is  solely  arising  from 
the  entropy-driven  molecular  recoiling  and  should  be  independent  of  capillary 
interactions.  The  molecular  recoiling  stress  (Jq  obtained  using  a  more  detailed 
investigation  of  the  cross-section  0,  with  a  quadratic  fitting  of  a  with  respect  to  D  (a  « 
+  c'D)  and  tan  6=  dD/da,  was  found  to  be  slightly  greater  than  that  using 
the  constant  6  approximation.  Since  the  difference  in  cjo  is  approximately  within  the 
same  order  of  magnitude,  the  stresses  obtained  using  the  constant  6  approximation 
were  used  to  further  investigate  the  chain  conformation  of  the  confined 
macromolecules  in  the  ultrathin  films. 

(a)  (b) 


spin  spead  (rpm) 


T  (nm) 


(c) 


Figure  3.  a)  The  recoiling  stress  increases  almost  linearly  with  the  spin  speed  until  it 
saturates  at  high  speeds,  b)  A  master  curve  can  be  drawn  by  plotting  all  the  data 
acquired  against  film  thickness,  c)  PS  400k,  30  nm.  The  molecular  recoiling  stress  (in 
MPa)  measured  from  incipient  hole  topography  as  a  function  of  aging  time  at  80°C. 


43 


The  molecular  recoiling  stress  (ao)  in  the  PS  thin  films  was  measured  as  a 
function  of  film  thickness  (Fig.  2c).  For  films  of  relatively  large  thickness  (>  2Rg),  the 
recoiling  stress  is  very  small.  It,  however,  increases  steadily  as  r  decreases,  and  finally 
rises  rapidly  when  r  is  below  Rg  (-17.32  nm)  [34].  The  molecular  recoiling  force /, 
obtained  by  multiplying  ao  with  film  thickness  r,  also  decreases  as  r  increases,  but 
rebound  modestly  for  greater  r’s  in  response  to  the  population  increase  of  recoiling 
macromolecules  in  the  solid  film  (Fig.  2d).  The  molecular  recoiling  force /in  the  PS 
film  of  400k  molecular  weight  is  in  the  order  of  magnitude  of  1  -  20  MPa.  In 
comparison,  the  capillary  force  is  much  smaller  (Fig.  2c).  For  t=  10  nm,  for  instance, 
the  capillary  force  is  approximately  2.7  •  lO'"^  MPa,  about  4  orders  of  magnitude 
smaller  than  ao.  Thus,  the  molecular  recoiling  force  is  clearly  dominating  in  the 
polymer  films  of  this  thickness  range. 

The  effects  of  spin  speed  and  concentration  were  examined  and  the  results  are 
shown  in  Fig.3a.  The  recoiling  stress  increases  almost  linearly  with  the  spin  speed 
until  it  saturates  at  high  speeds.  Solutions  of  higher  concentrations  saturate  at  higher 
spin  speeds.  At  the  same  spin  speed,  the  recoiling  stress  is  higher  for  the  lower 
concentration  solutions,  indicating  that  molecular  deformation  is  greater  in  the  lower 
concentration  solutions.  A  master  curve  can  be  drawn  by  plotting  all  the  data  acquired 
against  film  thickness  (Fig.  3b). 

The  molecular  recoiling  stress  was  further  examined  by  conducting  an  aging 
experiment  where  PS  films  (30  nm  thick)  were  stored  at  80°C  for  a  series  of  time 
interval  up  to  14  days  before  growing  the  incipient  dewetting  holes  for  stress 
measurements.  It  was  found  that  the  molecular  recoiling  stress  is  essentially  constant 
during  the  aging  process  (Fig.  3c).  This  is  consistent  with  the  observation  that  the 
crest  heights  versus  hole  depth  is  independent  with  the  dewetting  time  as  shown  in  Fig. 
3.  The  results  also  are  consistent  with  the  aging  relaxation  experiments  by  Torkelsen 
and  others  [6-7]  that  molecule  movements  within  the  ultrathin  dimensions  are 
restricted. 

The  measured  residual  stress  in  the  ultrathin  PS  film  obviously  is  arising  from 
the  recoiling  of  macromolecules  that  are  frozen  in  the  film  with  chain  conformations 

significantly  deviated  from  thermal  equilibrium.  The  “deformed”  chain  conformations 

were  resulted  from  the  work  by  the  swirling  force  and  quick  solvent  evaporation  on 
the  colloidal  macromolecules  in  the  cast  solution  during  spin  coating.  As  a  first  step  to 
unveil  the  physical  structure  of  the  entangled  chains  in  the  ultrathin  film  and  the 
molecular  process  involved  during  the  solid  film  formation,  the  deformed  chain 
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conformation  was  analyzed  from  the  measured  recoiling  stress.  From  the  film 
symmetry  and  equi-biaxial  nature  of  the  recoiling  stress,  it  is  fully  reasonable  to 
assume  for  the  polymer  chains  a  flattened  conformation,  obtained  by  uniaxially 
compressing  the  unperturbed  chain  in  z-axis,  with  the  volume  conserved,  such  that 
after  the  deformation  the  molecular  radius  in  the  lateral  direction  {Rg^xy)  is  a  -Rg  while 
in  the  z  direction  Rg  z  is  a  '^-Rg  where  a  is  the  equi-biaxial  draw  ratio  and  Rg  is  the 
radius  of  gyration  of  the  unperturbed  coil.  The  draw  radio  a  can  be  related  in  a 
random- walk  Gaussian  statistics  to  the  recoiling  stress  cto  by  oo  =  IvksT^a-  d^) 
where  ks  is  the  Boltzmann  constant  and  the  entangled  chain  density  v  is  evaluated 
from  V  =  pNav/Me,  using  the  mass  density  (p  =  0.969  g/cm^),  entanglement  molecular 
weight  (Me  =  13300  g/mole  [34]),  and  Avogadro  number  Nav,  to  be  4.38  x  10^^ 
chains/m^.  Although  the  draw  ratio  so  obtained  illustrates  a  rapid  increase  when  film 
thickness  r  decreases  below  i?g(Fig.  4a),  it  increased  to  an  unreasonably  large  value  of 
29  for  r  =  4  nm.  Since  the  value  of  draw  ratio  has  approached  to  the  theoretical  upper 
limit  of  ~  40  for  a  fully  stretched  PS  chain  (M^  =  400k),  the  conditions  for  Gaussian 
chains  approximation  break  down  and  hence  the  general  Langevin  statistics  should  be 
used  to  evaluate  the  actual  molecular  deformation.  This  can  be  done  by  multiplying 
the  measured  molecular  recoiling  stress  <Jo  with  the  cross-sectional  area  (Ao)  of  a 
single  chain  segment  of  PS  (Aq  =  0.688  nm^)  [34,35]  to  yield  the  molecular  force  F 
exerting  at  the  end  of  the  macromolecule,  from  which  the  molecular  dimension  r 

FI  r 

(end-to-end  distance)  can  be  obtained  via  L( - )  =  — ,  where  L(x)  =  [coth(x)-x‘] 

kgT  nl 

is  the  Langevin  function.  The  molecular  deformation  obtained  by  using  this  general 
chain  statistics  manifests  a  functional  dependence  on  t  qualitatively  similar  to  that  by 
the  Gaussian  approximation  but  with  much  reasonable  draw  ratios  (Fig.  4a).  The 
a  of  the  confined  polymer  chains  in  ultrathin  films  of  4  nm  is  approximately  equal  to 
5,  very  similar  to  that  in  a  craze  where  the  fibril  dimensions  is  similar  to  the  film 
thickness  here  [36-39].  A  master  curve  of  «  versus  ris  obtained,  as  shown  in  Fig.  4b. 

The  verdict  that  Gaussian  chain  statistics  is  not  followed  by  the  macromolecules 
confined  to  the  ultrafilms  may  pose  a  sharp  contrast  to  the  previous  published  results 
based  on  scattering  experiments  of  SANS  or  SAXS.  The  latter,  however,  are  burdened 
with  difficulties  associated  with  sample  preparation  and  data  collection  of  ultrathin 
films  [2-5]  therefore,  are  generally  not  able  to  probe  films  with  thickness  much  less 
than  the  unperturbed  dimensions. 

The  packing  of  entangled  chains  in  the  ultrathin  film  was  investigated  by 
determining  the  number  of  molecular  layers,  n,  for  constructing  the  film.  It  was 
determined  by  dividing  the  film  thickness  r  with  the  Rgz,  as  obtained  from  the 
measured  molecular  recoiling  stress  using  the  Langevin  statistics.  By  doing  so,  we 


45 


implicitly  assumed  that  the  mass  density  {p)  in  the  polymer  films  is  independent  of 
film  thickness.  The  packing  number  n  was  found  to  be  around  unity  in  the  broad 
thickness  regime  from  20  to  40  nm,  roughly  corresponding  to  Rgz  to  2Rgz  ,  or 
approximately  Rg  to  2Rg  (Fig.  4c).  Away  from  this  thickness  regime,  n  increases 
mildly  to  1.8  as  r  increases  to  80  nm.  In  the  other  direction,  n  increases  much  more 
rapidly  to  around  3  as  r  decreases  to  4  nm.  Considering  the  constant  6  approximation 
used  for  the  calculations,  the  result  of  n  =  1  in  the  broad  minimum  between  Rgz  and 
2Rgz  is  fortuitous.  The  overall  behavior  depicted  in  Fig.  4c,  however,  is  not  and  in  fact 
reveals  important  clues  of  the  molecular  process  during  the  formation  of  solid  films. 
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Figure  4.  The  molecular  draw  ratio  of  the  confined  chains  in  the  ultrathin  films  PS 
chains  as  a  function  of  film  thickness  r  calculated  by  using  either  a  Gaussian  chain 
model  or  a  Langevin  chain  model,  b)  a  master  curve  can  be  obtained  for  a  vs.  r  for  all 
data  collected  here  for  PS  macromolecules,  and  c)  The  number  of  molecular  layers 
packed  in  the  PS  thin  films. 
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The  complicated  microscopic  processes  during  spin  coating  of  polymer  solutions 
have  been  studied  extensively  but  a  clear  molecular  scenario  is  still  not  available. 
Among  the  many  factors  that  are  linked  to  spin  coating,  the  mechanical  actions  arising 
from  the  spinning  substrate  and  that  of  the  quick  solvent  evaporation  probably  are  the 
two  most  prominently  recognized  driving  forces  for  the  formation  of  the  polymer  thin 
films  [22-24].  The  former  creates  a  centrifugal  force  and  a  shear,  acting  respectively 
along  the  radial  r  and  tangential  6  directions,  before  solvent  evaporation  transforms 
the  spun  solution  into  a  glassy  film.  The  centrifugal  force,  proportional  to  po^ r  where 
p  is  the  mass  density  of  the  solution  and  co  the  angular  spin  speed,  however,  is  a  small 
force,  around  3x10'^  Pa  for  1  mm  thick  polymer  solution  at  r  =  5  mm,  that  can  only 
accounts  for  the  uniform  outward  spreading  of  the  solution  during  initial  spinning  but 
is  impossible  to  inflict  significant  molecular  deformations  that  are  consistent  with  the 
measurements  here.  The  shear  force  arising  from  the  large  relative  linear  velocity  at 
the  substrate  surface  may  be  large  enough  for  appreciable  molecular  deformation,  it, 
however,  is  r-dependent  [40-41]  and  contradiction  will  arrive  to  the  observation  of 
r-independent  molecular  recoiling  forces  in  spin-coated  polymer  films  if  the  shear 
force  is  treated  as  the  driving  force  for  the  large  molecular  deformation. 

As  strongly  suggested  by  the  dependence  of  a  versus  r  (Fig.  4b),  solvent 
evaporation  may  have  played  a  dominant  role  during  the  film  formation  process. 
Although  the  shear  force  induced  by  substrate  spinning  is  r-dependent,  the  boundary 
layer  thickness  h  is  not.  The  notion  of  the  boundary  layer  is  more  than  century-old 
but  its  exact  analytical  description  is  still  absent.  Nevertheless,  it  is  required  to  satisfy 
the  boundary  condition  that  the  fluid  velocity  at  the  interface  on  a  solid  that  moves 
with  a  large  relative  velocity  must  be  stationary.  Using  the  Prandtk-Blasius 
approximation  [40,41],  the  thickness  h  can  be  approximated  as  /z  ~  5{px/pvy^^  where 
the  travel  distance  v  and  linear  velocity  v  are  both  proportional  linearly  to  r  and  hence 
leaving  h  r-independent  (//  is  the  solution  viscosity).  The  shear-dominant  boundary 
layer  pins  an  equilibrated  polymer  solution  at  the  substrate  surface  and  the  excess  of 
the  polymer  solution  that  are  not  sufficiently  engaged  with  the  substrate  are  spun  off 
easily.  Although  the  shearing  force  clearly  may  produce  large  deformations  to  the 
anchored  solution,  since  the  polymer  molecules  in  the  solution  are  isolated  coils  (c  < 
c*)  and  are  much  “denser”  or  “harder”  than  the  pure  solvent,  the  solvent  phase 
absorbs  most  of  the  shear  deformation  and  leaves  the  molecular  coils  relatively 
un-sheared.  It  is  the  later  solvent  evaporation  that  takes  place  in  the  anchored  layer 
introduces  large  molecular  deformations  by  rapidly  extracting  the  solvent  molecules 
from  the  polymer  coils.  With  the  large  frictional  force  operative  between  the  polymer 
chains  and  the  substrate,  the  solvent  extraction  may  be  so  fast  that  polymer  coils  (~  c*) 
cannot  recoil  congruently  and  thus  create  large  lateral  molecular  extensions  a’s.  As  a 
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reference,  for  a  monolayer  of  polymer  solution  of  concentration  c*,  in  which  the  chain 
density  is  approximately  1/33  of  the  bulk  value  [34],  the  molecular  deformation  a 
should  be  roughly  (33^*^^  ~  5.7  if  molecular  recoiling  during  solvent  extraction  is 
ignored.  Clearly,  this  is  the  same  order  of  magnitude  of  the  molecular  deformations 
obtained  by  our  study  here. 

With  this  new  molecular  scenario  of  spin  coating,  the  effects  of  polymer  solution 
(Fig.  2c,  inset)  and  spin  speed  (Fig.  3a)  can  be  easily  comprehended.  They  can  be 
examined  and  analyzed  from  the  angle  of  an  equilibrated  anchored  layer  of  which  the 
thickness  and  chain  concentration  are  dependent  on  the  initial  polymer  concentration 
in  the  solution  and  the  spin  speed.  The  universal  dependence  of  a  versus  r  can  also  be 
fully  explained. 

In  summary,  the  residual  stress  in  polymer  thin  film  prepared  by  spin  coating  can 
be  measured  by  analyzing  the  local  stress  release  from  the  nucleation  of  pinholes 
induced  by  dewetting.  The  stress  is  orders  of  magnitude  greater  than  the  capillary 
force,  conventionally  regarded  as  the  dominant  force  in  ultrathin  films,  and  is 
attributed  to  the  recoiling  of  the  confined  long  chains  from  the  chain  conformations 
significantly  deviated  from  that  of  unperturbed  state  to  that  of  thermal  equilibrium. 
The  stress  increases  significantly  as  the  film  thickness  becomes  smaller  than  the 
unperturbed  molecular  dimension.  The  chain  conformations  in  these  films  can  only  be 
described  by  the  Langevin,  rather  than  Gaussian,  statistic  and  were  determined  to  be  a 
~  5,  similar  to  that  in  craze  fibrils,  for  thickness  r=  4  nm.  The  effects  of  spin  speed 
and  aging-induced  relaxation,  as  well  as  molecular  packing  were  investigated.  A  broad 
minimal  of  the  total  operative  force  was  found  in  the  thickness  regime  from  Rg  to  IRg 
that  corresponds  to  minimum  number  of  molecular  layers  in  the  film.  Based  on  the 
observed  behavior  of  the  spin-coated  ultrathin  films,  a  molecular  process  where 
solvent  evaporation  interplayed  with  a  shear-dominated  boundary  layer  scenario  is 
proposed  to  be  responsible  for  the  observed  molecular  stress  and  chain  deformation. 
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Chapter  4:  Metastable  Ultrathin  Polymer  Films 


Part  A:  Relaxation  of  the  Large  Residual  Stress  in  Ultrathin  Polymer 
Films 

Abstract: 

The  main  purpose  of  this  work  was  to  investigate  the  molecular  instability  of 
long  polymer  chains  confined  in  viscoleastic  ultra-thin  films  (thickness  =  1-100  nm). 
Models  systems  prepared  by  spin-coating  of  the  polystyrene  (M^  =  90  kg/mol.)  thin 
films  (10,  40nm)  supported  on  two  different  substrates  of  bare  silicon  wafer  and  the 
silicon  wafer  coated  with  thick  SiOx  (lOOnm).  These  films,  driven  by  the  residual 
molecular  recoiling  stress  and  long  range  van  der  Waals  interactions,  underwent  a 
dewetting  rupturing  process  when  annealed  to  form  tiny  droplets  on  substrate.  By 
recording  the  variations  of  the  incipient  hole’s  morphological  features,  the  elastically 
released  molecular  recoiling  stress  was  measured.  The  molecular  recoiling  stress  was 
found  to  decrease  exponentially  with  time  when  aged  atllO°C,  a  temperature  slightly 
higher  than  Tg  of  the  bulk,  but  showed  no  changes  at  80°C  and  90°C  (slightly  below 
the  bulk  Tg).  The  film  instability  also  revealed  a  significant  dependence  on  substrate 
Hamaker  constant  in  that  on  attraction  substrates  (Hamaker  constant  >  0)  the  films  not 
only  had  better  stability  but  also  had  slower  stress  relaxation  rate.  In  this  case,  the 
large  pre-existing  molecular  recoiling  stress  would  relax  upon  prolonged  annealing 
such  that  incipient  dewetting  holes  healed  ultimately.  For  the  relaxed  films  where  the 
elastic  stress  release  measurements  were  difficult  to  carry  out,  the  local  stress 
relaxation  was  estimated  via  a  Maxwell  model  from  temporal  local  topographic 
changes.  The  derived  viscosity,  despite  of  the  increasing  recoling  force,  increased 
strongly  as  film  thickness  decreased,  indicating  the  important  influences  of  interfacial 
bonding  (adhesion  and  friction)  to  the  chain  motions  in  ultrathin  polymer  films. 

Introduction: 

When  the  polymer  thin  film’s  thickness  is  less  than  100  nm,  the  fundamental 
properties  of  polymer  chains  vary  remarkably  as  compared  to  the  bulk.  Specifically, 
most  of  the  ultrathin  polymer  films  were  prepared  by  spin-coating  during  which 
solvent  evaporate  quickly,  compelling  the  the  polymer  chain  to  contract  or 
inter-penetrate  in  order  to  maintain  the  pressure  balance  in  the  ambient  conditions. 
This  produces  a  frozen  state  of  the  polymer  chains  in  which  the  molecular  coils  are 
substantially  stretched  and  a  large  residual  stress  develops  in  the  thin  film  [1].  Upon 
annealing  at  a  higher  temperature  than  Tg  when  the  polymer  chain  attain  enough 


51 


kinetic  energy  to  return  to  the  thermal  equilibrium  state,  the  chains  recoil  and  drive 
the  dewetting  phenomenon  initiated  from  defects  of  the  film  [2,3],  The  molecular 
recoiling  stress  can  be  calculated  from 

ES, 

p  = - - — 

2vrsin^ 

where  E  is  Young’s  modulus,  8o  is  max  crest  height,  v  is  Poisson’s  ratio,  t  is  film 
thickness,  and  9  is  surface  angle  of  the  dewetting  holes  [4].  Genearlly,  the  dewetting 
process  consists  of  several  steps.  First,  incipient  holes  emerge  at  some  locations  of  the 
film  upon  annealing.  Then,  the  holes  grow  in  sizes  to  exposse  the  underlying  substrate 
and  simultaneously  laterally  expand  to  connect  with  each  other.  Interconnected  ridges 
thus  form  and  subsequently  break  down  by  Rayleigh  instability  to  form  droplets  on 
the  substrate  [5-17].  This  process  is  driven  by  the  molecular  recoiling  force  as  well  as 
by  the  long  range  van  der  Waals  interactions  operative  in  the  film.  The  dewetting 
process  may  stop  or  even  reverse  when  stress  relaxation  takes  place  in  the  film.  This 
is  the  main  subject  to  be  explored  and  reported  here. 

Experimental  Procedures: 

In  this  study,  we  choose  the  polystyrene  as  the  solute,  with  molecular  weight  of 
90,000  g/mol.  The  solvent  is  toluene,  the  substrate  is  Si  wafers,  and  SiOx  coated 
wafers.  After  the  solvent  and  polymer  were  mixed  and  filtration  cleaned  (0.2  pm 
pores),  the  solution  was  spin  coated  on  substrate  to  produce  the  polymer  films.  When 
the  solvent  evaporate  completely,  the  samples  were  annealed  at  170°C  for  various 
time  periods  to  observe  and  record  the  film  dewetting  process  using  optical  and 
atomic  force  microscope  (AFM).  Molecular  recoiling  stresses  of  the  ultrathin  polymer 
films  were  measured  by  studying  the  morphological  changes  of  the  dewetting  hole 
topography  acquired  by  AFM. 

Aging  experiments  using  a  lower  temperature  than  170°C  were  conducted  in 
order  to  investigate  the  stress  relaxation  in  the  ultrathin  films.  These  aged  samples 
were  then  put  at  170°C  to  dewet  for  measuring  the  molecular  recoiling  stress. 
Alternatively,  the  temporal  variations  of  the  morphological  features  associated  with 
the  dewetting  holes  were  detected  by  AFM  and  analyzed  using  a  Maxwell  model  to 
calculate  the  variations  of  molecular  recoiling  stresses. 

Results  aud  Discussious: 

During  the  long  annealing  time,  the  40nm  PS  films’  dewetting  hole  density 
increased  at  the  beginning.  It  then  decreased  shortly  later.  But  the  lOnm  PS  films’ 
dewetting  hole  density  kept  increasing  (Figure  1).  This  is  attributed  to  the  relaxation 
of  the  molecular  recoiling  stress  in  the  40nm  films.  The  stress  was  measured  to  be 
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around  5  MPa,  too  small  to  drive  the  dewetting  process  continuously  to  the  final 
droplet  fomration. 


annealing  time  (min) 


annealing  time  (min) 


annealing  time  (min) 


annealing  time  (min) 


Figure  1.  Hole  density  versus  annealing  time  for  various  film  thieknesses  on  different 

substrates 


From  Figure  1,  we  also  ean  see  that  the  hole  healing  rates  of  the  40nm  thin  films 
on  SiOx  were  higher  than  on  those  on  the  Si  wafer.  This  indieates  that  on  the 
substrates  with  smaller  surfaee  energy  has  a  higher  stress  relaxation  rate.  Beeause  the 
lOnm  films  has  a  larger  reeoiling  stress  (~17MPa)  than  the  40nm  films,  the  lOnm 
films  produee  more  dewetting  holes.  This  observation  provides  the  evidenee  that 
dewetting  proeesses  need  enough  reeoiling  stress  to  be  driven.  If  the  reeoiling  stress 
was  too  small  at  beginning,  then  the  driving  foree  of  dewetting  would  not  be  enough 
to  eomplete  the  whole  dewetting  proeess.  The  different  substrates  affeet  the  hole 
density  of  the  lOnm  films  as  well.  We  found  that  the  hole  density  on  the  SiOx  is  mueh 
larger  than  that  on  the  Si  wafer.  This  indieates  that  polymer  ehain  easily  moved  on  the 
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low  surface  energy  substrate,  therefore  they  also  have  faster  stress  relaxation  rates. 

For  the  morphological  changes  of  the  dewetting  hole,  the  surface  angle  decreased 
as  the  increasing  annealing  time  increased,  as  shown  in  Figure  2.  By  regarding  the 
surface  angle  as  the  shear  strain  caused  by  molecular  recoiling  stress,  then  the 
differential  of  the  slope  in  the  plot  has  become  the  evidence  of  stress  relaxation.  As 
the  variations  of  the  surface  angle  was  smaller  at  greater  annealing  times,  the  strain 
rate  and  and  the  shear  stress  obviously  decayed.  The  fact  that  the  films’  surface  angle 
decrease  rate  on  the  SiOx  was  higher  than  that  of  the  Si  wafer  indicates  that  polymer 
chains  were  easily  to  slide  on  the  low  surface  energy  substrate,  so  it  has  a  faster  strain 
rate  decay  and  stress  relaxation. 


{lim) 


Figure  2.  Hole’s  morphology  and  the  plot  of  max  surface  angle  versus  annealing  time. 

We  found  that  the  surface  angle  exponentially  decreased  with  annealing  time,  as 
shown  in  Figure  2.  Since  the  polymer  chains  behaved  viscoelastically,  a  simple 
Maxwell  model  was  used  to  analyze  its  variations.  In  the  Maxwell  model  as  shown  in 
Figure  3,  we  assumed  that  the  molecular  recoiling  stress  frozen  in  the  films  to  be  the 
tensile  stress  operative  on  the  spring  and  dashpot  that  were  connected  in  series.  The 
stress  esapplied  in  the  sping  and  the  dashpot  are  equal.  During  the  stress  relaxation, 
the  strain  in  the  dashpot  increased  slowly,  absorbing  deformation  from  the  sping 
which  recoiled,  until  the  stress  was  fully  relaxed  at  which  point  the  dashpot  strain 
reached  the  maximum  [18].  The  variation  of  the  strain  in  dashpot  thus  can  be  used  to 
estimate  the  stress  level  applied  to  the  system  during  the  stress  relaxation.  If  we  take 
the  surface  angle  of  a  dewetting  hole  as  the  dashpot  strain,  its  variation  with  relaxation 
time  would  yield  information  of  the  stress  applied  to  the  whole  Maxwell  unit.  This 
approximation  is  reasonable  as  each  point  of  the  ultrathin  films  confined  by  the  rigid 
substrate  can  be  regarded  approximately  as  independent  to  each  other.  Thus,  the 
position  where  a  single  dewetting  hole  nucleated  and  grew  should  provide 
representive  mechanical  information  of  the  whole  film. 
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Figure  3.  The  Maxwell  model 


Where  gq  is  the  initial  reeoiling  stress,  whieh  we  ean  ealeulate  from  hole 
morphology  at  short  annealing  times.  9o  is  the  initial  surfaee  angle  and  X.  is  the  time 
eonstant  in  whieh  both  ean  be  obtained  from  the  plot  of  ln9  versus  annealing  time,  as 
shown  in  Figure  4. 
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Figure  4.  The  surfaee  angle  versus  annealing  time 

The  results  as  shown  in  table  1 .  The  experiment  results  are  mueh  greater  than  the 
bulk  viseosity  that  was  ealeulated  by  the  WLF  equation.  The  thinner  the  films,  the 
greater  the  viseosity  is,  providing  the  evidenee  that  polymer  ehain’s  motion  is 
restrieted  by  the  substrate. 


Ti(Pa  s) 

lOnm  PS  on  SiOx 

1.800  X  10^ 

lOnm  PS  on  Si 

1.666  X  1  o’ 

40nm  PS  on  Si 

7.034  X  10^ 

Calculated  by  WLF  equation  [19] 

3.713  X  10^ 

Table  1  Vseosities  ealeulated  from  AFM  topographie  variations  and  by  the  WLF 

equation 

Beeause  the  dewetting  holes  would  ehange  shape  during  long  annealing  time,  we 
eannot  measure  the  moleeular  reeoiling  stress  direetly.  The  seeond  experiment  is 
designed  to  measure  the  moleeular  reeoiling  stress  after  stress  relaxation.  First,  we  put 
the  sample  at  a  temperature  (llO^C)  higher  than  Tg  but  not  enough  to  produee 
dewetting  holes.  Aging  it  for  several  days  allows  the  polymer  ehains  enough  time  to 
undergo  eonformation  re-arrangments,  and  thus  to  relax  the  residual  reeoiling  stress. 
Then  the  sample  was  annealing  at  170°C  for  a  very  short  period  of  time  to  nueleate 
dewetting  holes  that  were  used  to  measure  the  reeoiling  stress.  The  experiment  results 
as  shown  in  Figure  5. 
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Figure  5.  The  normalized  moleeular  recoiling  stress  ratios  (to  the  initial  residual  stress) 

versus  aging  time  at  110°C 


aging  time 


Figure  6.  The  total  stress,  summation  of  the  molecular  recoiling  stress  and  that  caused 

by  thermal  expansions 

From  the  experiment  results,  we  conclude  that  the  stress  will  increase  first  and 
then  decrease.  Our  suggestion  is  that,  because  polymers  have  strong  negative  thermal 
expansion  coefficients  [20-26],  and  there  is  enough  time  to  allow  the  polymer 
stretching  by  the  substrate’s  thermal  expansion,  the  polymer  chain  would  be  stretched 
at  first,  increasing  the  stress.  After  long  aging  time,  the  stress  relaxation  occurs 
causing  both  the  thermal  expansion  stress  and  the  molecular  recoiling  stress  to 
decrease.  The  model  is  depicted  in  Figure  6. 
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Fig.  7  The  PS  thin  films  aging  at  90°C. 


With  the  understanding  that  the  stress  in  a  viscoelastic  solid,  such  as  the  ultrathin 
polymer  films,  relaxes  exponentially,  the  data  were  analyzed  with  this  assumption  and 
the  results  were  in  good  agreement  with  our  assumption.  The  stress  relaxation  rates 
were  almost  independent  of  the  film  thickness  for  10  or  40  nm.  This  was  apparently 
due  to  a  cancellation  between  the  effects  of  a  higher  recoiling  stress  and  also  a  greater 
restriction  from  substrate. 

It  was  clear  that  the  polymer  chains  in  the  ultrathin  films  were  capable  to  move 
around  and  the  stress  relaxed  substantially  when  aged  at  a  temperature  higher  than  the 
bulk  Tg.  However,  when  the  films  were  aged  at  90°C  there  were  no  stress  relaxation 
measurable  within  days,  the  time  scales  used  by  this  experiment.  This  indicates  that 
the  Tg  of  PS  in  the  ultra-thin  films  is  greater  than  90°C  and  below  110°C,  similar  to 
that  of  the  bulk. 

Conclusions: 

The  higher  the  molecular  recoiling  stress,  the  easier  the  nucleation  of  dewetting 
hole  can  occur.  If  the  molecular  recoiling  stress  is  too  small,  then  after  stress 
relaxation  the  dewetting  of  the  polymer  film  cannot  be  driven  and  the  dewetting  holes 
are  healed.  When  the  polymer  was  aged  at  a  temperature  higher  than  that  of  the  bulk 
glass  transition  temperature,  the  molecular  recoiling  stress  decreased  exponentially 
with  annealing  time.  The  decay  rate  depends  on  the  restriction  placed  by  the  substrate. 
On  the  lower  surface  energy  substrate,  the  polymer  chain  yields  higher  movement. 
The  stress  relaxation  is  faster  on  the  low  surface  energy  substrate.  Although  the 
thinner  films  have  a  greater  molecular  recoiling  stress,  there  is  also  a  greater  viscosity, 
which  indicates  higher  restriction  from  the  substrate.  Finally,  the  Tg  of  ultrathin  films 
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appear  to  be  independent  of  the  film  thickness  in  the  regime  explored  here. 
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Thin  Films  Using  a  Model  Based  upon  Power  Spectral  Density 

Abstract 

This  work  was  intended  to  reveal  the  relationship  between  the  reported  shear  modulus 
of  polymer  thin  films  and  the  residual  stress  due  to  the  eonformation  distortion  of 
polymer  eoils  indueed  by  nanometer  seale  eonfmement.  The  shear  modulus  was 
measured  by  power  speetral  density  methods  from  the  film  topography  aequired  by 
atomie  foree  mieroseopy.  Polymer  films  of  various  thieknesses  were  explored. 

Introduction 

It  has  been  reported  that  the  glass  transition  temperature  of  polymer  thin  films 
deereases  substantially  as  the  film  thiekness  deereases  below  some  threshold  values, 
around  10-20  nm  for  polystyrenes.  In  a  elose  relation  to  this,  it  was  also  reported 
that  the  elastie  modulus  of  ultrathin  polymer  films  measured  from  atomie  foree 
mieroseopy  topography  relaxation  by  power  speetral  density  (PSD)  methods  was  two 
orders  of  magnitude  smaller  than  the  bulk  values.  However,  researeh  reports  of 
eontradietory  eonelusions  were  also  found  by  other  researehers.  Reeently,  we 
unveailed  the  eixistenee  of  large  moleeular  reeoiling  stresss  in  ultrathin  polymer  films 
arising  from  moleeular  deformation  of  the  maeormoleeules  eonfined  in  the  nanometer 
seales.  It  is  thus  interesting  to  explore  the  relationship  between  these  PSD  elastie 
modulus  and  reeoiling  stress,  whieh  will  shed  important  light  on  the  physieal  states  of 
ultrathin  polymer  films. 

Professor  Ophelia  K.  C.  Tsui  published  in  the  revue  Maeromoleeules  (2008,  41, 
1465-1468)  a  paper  entitled  “Equilibrium  Pathway  of  Spin-Coated  Polymer  Films” 
where  she  proposed  a  model  to  represent  PSD  eurves.  Thanks  to  this  model,  it  is 
possible  to  derive  the  physieal  properties  of  polymer  thin  films  eited  above. 

In  the  following  seetions  we  will  provide  more  details  about  how  we  proeeeded 
to  deduee  surfaee  tension  and  shear  modulus  from  the  PSD:  how  to  use  the  model  of 
professor  Tsui,  but  also  what  experiments  are  required.  We  then  deseribe  the  results 
we  have  obtained,  explain  the  problems  eneountered,  and  how  we  want  to  avoid  it. 

Approach  and  experimental  methods 

As  indicated  in  the  introduction,  our  work  is  based  on  a  paper  published  by 
professor  Tsui.  The  following  model  was  what  she  had  proposed: 


yq- 


(4) 
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To  calculate  the  surface  tension  and  the  shear  modulus  we  first  needed  some  data. 
AFM  (Atomic  Force  Microscope)  pictures  were  taken  for  4  different  sets  of  samples. 
We  chose  2  molecular  weights  (2k  and  90k)  that  were  utilized  with  2  thicknesses 
(lOnm  and  40nm).  We  defined  annealing  times:  60,  300,  1200,  and  5400  seconds  for 
2k;  and  60,  200,  1000,  4000,  14400  seconds  for  90k.  The  2k  sample  was  likely  to 
dewet  faster  than  90k,  therefore  requiring  shorter  annealing  times.  Also,  because  of 

the  difference  between  these  two  molecular  weights  we  took  85°C  and  170°C  for  the 

2k  and  90k  samples,  respectively. 

When  we  took  the  AFM  pictures,  we  tried  to  avoid  anything  (dust  particles  or 
dewetting  holes)  that  could  have  affected  the  model  given  above. 

From  the  AFM  pictures  we  obtained  a  PSD  curve  of  our  sample.  We  then  use  a 
fitting  function  similar  to  the  model  proposed  by  professor  Tsui.  We  set: 


^q(f)  (O)0C?  4)  l/(a*x*x-Aeff/27i:ho+b/(x*x)) 

Thus,  by  fitting  this  function  we  obtained  the  two  parameters  “a”  and  “b”  that  are 
proportional  to  the  surface  tension  and  the  shear  modulus.  By  a  simple  calculation 
these  two  values  can  be  determined. 

The  scan  size  used  here  is  20  micrometers.  When  we  checked  the  scan  size  effect 
it  appeared  that  there  is  no  difference  in  the  results,  unless  we  use  a  small  one:  5 
micrometers  was  not  good  enough,  even  with  10  micrometers  some  problems  could 
occur.  Indeed,  the  larger  the  scan  size  is,  the  more  useful  points  we  have  for  the  PSD 
fitting.  Very  small  values  of  the  wave  vector  must  be  neglected,  and  large  values  of  it 
does  not  give  us  more  details.  Indeed,  the  PSD  levels  off  relatively  fast  with 
increasing  values  of  the  wave  vector.  However,  the  larger  the  scan  size  is,  the  more 
difficult  it  is  to  avoid  dust  particles  and  creating  dewetting  holes. 

Thus,  20  micrometers  seems  to  be  a  valid  compromise  for  our  work. 

Obtaining  the  fitting  results  from  the  PSD  curves  is  a  relatively  straightforward 
method.  Therefore,  it  does  not  require  a  long  time.  Nevertheless,  it  is  requiring  many 
AFM  pictures.  For  each  annealing  time,  we  dewetted  2  samples,  and  took  3  pictures 
of  each. 

Here,  the  PSD  is  used  to  deduce  other  physical  properties  of  the  material  studied. 
From  the  paper,  the  model  appears  to  be  very  accurate;  except  for  a  few  points:  the 
first  and  last  ones  of  the  PSD  curve,  which  have  to  be  neglected.  Moreover,  the 
method  described  here  is  simple  to  use. 

These  two  points  make  the  method  potentially  very  interesting. 
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Results  and  Discussions 

By  applying  the  method  to  fit  PSD  data  deseribed  above,  we  obtain  eurves 
similar  to  the  following  one: 

The  red  line  is  the  fitting  eurve  we  get.  The  dark  points  are  given  by  the  AFM 
pietures.  This  eurve  is  just  an  example  to  illustrate  our  results.  As  explained 
previously,  from  this  fitting  we  ean  ealeulate  the  surfaee  tension  and  shear  modulus  of 
the  sample  studied. 

In  the  next  pages  we  present  the  result  of  our  ealeulation  for  the  various 
annealing  times  given  previously.  We  first  show  the  surfaee  tension,  and  then  the 
shear  modulus  results.  The  problems  that  oeeurred  will  be  exposed  in  the  next  seetion. 

In  this  graph  we  show  the  time  averaged  surfaee  tension  for  eaeh  set  of  samples. 
The  red  points  are  used  for  40nm  thiekness,  and  the  dark  points  refer  to  the  lOnm 
thiekness.  For  all  the  sets  of  samples  the  surfaee  tension  is  steady  through  the  different 
annealing  times,  whieh  is  why  we  plot  here  a  time  averaged  value. 

We  have  to  note  that  on  this  graph  and  the  next  one  (shear  modulus),  for  eaeh  point 
we  show  a  range  equal  to  two  times  the  standard  error.  Henee,  95%  of  the  points  are 
ineluded  in  that  range. 
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Example  of  the  fitting  of  a  PSD  curve 


Time  averaged  Surface  Tension 


From  this  graph  we  ean  remark  that  the  surfaee  tension  is  slightly  smaller  for  the 
sets  of  samples  with  a  thiekness  of  40nm.  However,  this  observation  is  probably  due 
to  the  fitting.  Indeed,  when  the  thiekness  is  lOnm  the  range  in  the  results  is  broader. 
Also,  in  her  paper,  professor  Tsui  explains  that  for  the  times  inferior  to  -100  seeonds, 
the  surfaee  tension  is  less  stable  than  for  longer  times.  We  also  observe  this 
phenomenon  in  our  data,  espeeially  for  h=10nm  (“h”  refers  to  the  thieknesse  of  the 
samples).  This  results  in  higher  results  for  the  time  60  seeonds.  Considering  the  faet 
that  this  phenomenon  is  more  marked,  it  eould  explain  the  differenees  between  lOnm 
and  40  nm. 

The  surfaee  tension  appears  to  be  eonstant  with  different  moleeular  weights.  Its 
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-2  -2 

average  value  is  around  0.03  J.m'  ,  and  our  results  are  included  between  0.02  J.m' 

and  0.04  This  is  consistent  with  professor  Tsui’s  results.  She  obtains  a  constant 
value  for  surface  tension,  with  different  molecular  weights  and  different  annealing 
times.  However,  her  values  are  higher:  usually  between  0.03  J.m'^  and  0.04  J.m'^. 
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In  this  graph  we  can  observe  the  behavior  of  the  shear  modulus  with  increasing 
annealing  time.  The  two  sets  of  samples  2k-40nm,  and  90k-10nm  show  a  similar 
behavior  to  what  describes  professor  Tsui:  a  decrease  with  time.  However,  for  the  two 
other  sets  of  samples,  it  is  not  the  case. 

For  the  2k-10nm,  the  shear  modulus  appears  to  be  constant  with  annealing  time. 
But  we  encountered  problems  to  take  the  AFM  pictures  for  the  2k-10nm.  It  was  not 
possible  to  avoid  the  presence  of  dewetting  holes,  that  could  have  disrupted  the  PSD 
curves,  and  so  the  fitting.  Thus,  we  will  prepare  new  samples  for  the  conditions  of  2k 
and  lOnm,  and  be  very  careful  in  the  preparation.  Indeed,  the  dewetting  holes  are 
present  at  all  the  annealing  times,  even  the  shortest  ones.  Therefore,  a  problem  related 
to  the  preparation  is  a  very  plausible  explanation  for  the  occurrence  of  these  holes. 
About  the  samples  of  90k  and  40nm  thickness,  we  first  should  note  that  for  the  time 
4000  seconds  the  point  is  out  of  scale  (-7.62).  Then,  the  last  point  is  not  what  we 
would  expect,  because  it  has  a  value  close  to  the  shear  modulus  of  the  second  time. 
Again  some  problems  related  to  the  AFM  pictures  could  explain  this  result:  with  this 
set  of  samples,  in  the  last  time,  some  dust  particles  appeared,  and  so  the  quality  of  the 
pictures  is  not  good. 

In  her  paper,  professor  Tsui  shows  a  decrease  with  time  for  the  shear  modulus, 
except  for  high  molecular  weights  (212k  and  above),  where  it  first  levels  off,  and  then 
decreases.  For  two  sets  of  our  samples,  we  get  a  similar  behavior.  Nonetheless,  our 
results  show  much  smaller  values  (for  90k,  almost  10  times  smaller  than  115k  in 
professor  Tsui’s  paper).  This  discrepancy  might  originate  from  two  different  reasons: 
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the  temperatures  we  used  are  higher  (for  90k,  20°C  up  to  the  temperature  she  used).  In 


her  paper,  professor  Tsui  shows  two  plots  for  2.3k  and  18nm  thiekness,  with  85°C  and 

100°C.  It  points  out  that  the  shear  modulus  for  T=100°C  is  mueh  smaller. 

The  other  explanation  is  that,  generally,  professor  Tsui  ehose  to  do  her  experiment  on 
thieker  films.  For  instanee,  the  thiekness  she  used  for  115k  is  103nm. 

Another  problem  eneountered  is  that  we  sometimes  get  negative  results  for  the  shear 
modulus  (even  when  the  average  is  positive).  To  limit  this  problem  we  used  a 
smoothing  funetion  on  all  the  PSD  eurves.  It  helped,  but  did  not  eradieate  the 
problem. 

The  negative  shear  modulus  sometimes  intervenes  in  short  times.  These  negative 
values  eould  be  explained  by  the  presenee  of  residual  stress.  Nonetheless,  samples 
with  90k  and  h=10nm  would  be  the  more  likely  to  show  this  behavior,  but  we  did  not 
obtained  any  negative  result  for  this  set  of  samples. 

So,  this  behavior  eould  be  due  to  the  quality  of  the  pietures.  Nevertheless,  a  low 
quality  for  a  pieture  does  not  imply  a  negative  value.  We  eould  also  think  that  it  shows 
the  limitations  of  the  fitting.  We  did  not  eheek  this  point  yet,  but,  perhaps  the 
amplitude  of  the  peak  in  the  PSD  eurves  is  more  important,  or  the  roughness  shows  a 
higher  value  in  this  situation. 

Conclusions 

The  model  based  on  the  PSD  to  deduee  the  surfaee  tension  and  shear  modulus  is 
of  high  interest  beeause  these  properties  of  the  materials  are  very  important.  Moreover, 
this  model  is  relatively  easy  to  use. 

The  surfaee  tension  values  obtained  are  eonsistent  with  what  eould  be  expeeted, 
and  with  professor  Tsui’s  data. 

However,  we  still  have  some  problems  with  the  shear  modulus.  In  order  to  obtain 
a  eoherent  behavior,  the  AFM  pietures  have  to  be  as  good  as  possible.  Some  fitting 
values  beeome  negatives.  This  phenomenon  does  not  seem  to  be  real,  and  its  origin 
remains  unelear.  We  should  investigate  in  two  direetions:  the  quality  of  the  AFM 
pietures,  and  the  limits  of  the  fitting  model. 
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Part  C:  Macromolecule  Condensation  during  Formation  of  Ultrathln 
Films 

Abstract 

We  propose  a  molecular  model  to  describe  the  film  formation  processes  of 
ultrathin  polymer  films  prepared  by  spin  coating.  Coupled  with  the  theoretical 
explorations,  the  effect  of  molecular  weight  was  investigated  in  details  in  the  light  of 
solvent  evaporation  and  thin  film  instability  (dewetting).  Eor  polymers  of  higher 
molecular  weights,  solvent  evaporates  slower  from  the  coil  interiors  to  lend  more  time 
for  the  chains  to  adjust  their  comformation.  The  residual  stress  is  thus  minimized  and 
the  systems  ultimately  achieve  local  free  energy  minimum  and  film  stability. 
Associated  with  the  low  chain  mobilities,  the  high  molecular  weight  chains  tend  to 
self-contract  and  undergo  only  low  degree  re-entanglements  during  the  solvent 
evaporation  stage.  In  contrast,  for  polymers  with  low  molecular  weights,  the  solvent 
evaporation  rates  are  faster,  thus  the  polymer  coils  tend  to  be  frozen  into  solid  films  in 
their  extended  states.  Thus,  the  molecular  recoiling  stresses  residual  in  these  films  are 
higher,  and  the  films  are  subjected  to  a  much  higher  dewetting  instability.  The 
morphological  observations  and  recoiling  stress  measurements  by  atomic  force 
microscopy  have  revealed  consistent  results  that  are  in  excellent  agreement  to  support 
this  proposed  model. 

Introduction 

Polymer  thin  films  play  a  crucial  role  in  a  wide  diversity  of  displines  and 
application  fields.  These  include  many  applications  in  our  daily  lives,  for  example,  the 
clothes  we  wear  or  the  plastic  bags  we  use.  In  the  technological  area,  for  example,  of 
the  semiconductor  industries  [1],  the  resistance  layers  and  dielectric  layers  are  made 
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of  polymers.  Application  attempts  in  the  emerging  fields,  such  as  photoelectomics  [2, 
3],  solar  energy  [4]  and  biomaterials  [5],  are  gaining  significant  grounds  to  the 
ultimate  succeussful  realization  of  the  polymer-based  technologies.  As  required  by  the 
progress  of  new  techniques,  polymer  thin  films  are  becoming  thinner  and  thinner. 
These  ultrathin  polymer  films  are  almost  invariantly  prepared  by  using  the  convenient 
spin  coating  method.  Although  highly  ubitiqus  to  both  the  industrial  world  and  the 
academia,  the  molecular  processes  of  thin  film  formation  enroute  of  spin  coating  have 
been  little  known  [6].  It,  obviously,  is  an  important  subject  that  needs  to  be  fully 
explored. 

Therefore,  we  try  to  propose  a  new  model  to  depict  the  polymer  film  formation 
processes  and  explain  the  dewetting  mechanisms  [7,  8]  to  discuss  the  molecular 
weight  effects.  In  this  research,  we  tried  three  experiments  to  observe  the  molecular 
weight  effects  on  film  formation  processes  and  dewetting  mechanisms.  The  first  one 
is  critical  concentration  test.  We  prepare  ultra  dilute  solution  to  spin  coat  on  silicon 
oxide  wafer  and  utilize  atomic  force  microscope  to  observe  whether  there  is  any 
difference  between  high  and  low  molecular  during  film  formation  processes.  The 
second  experiment  is  solvent  evaporation  rate  measurement.  We  try  to  measure  the 
weight  loss  during  solvent  evaporation  to  simulate  the  spin  coating  process  and  find 
out  the  differences  between  high  and  low  molecular  weight.  The  third  experiment  is 
recoiling  stress  measurements.  We  dewet  the  specimens  and  calculate  recoiling  stress 
for  different  molecular  weight. 

The  Proposed  Model 

Here,  we  try  to  propose  a  model  to  interpret  the  film  formation  processes  of 
polymer  with  volatile  solvent.  The  figures  below  are  the  illustrations  for  several  stages 
during  film  formation  processes.  Originally,  the  polymer  solution  with  initial 
concentration  Co  was  deposited  on  the  substrate  and  spin  casted,  the  balance  of 
centrifugal  force  and  viscous  force  determined  the  quantities  remained  on  the 
substrate.  In  the  stage  I,  the  concentration  of  residual  liquid  film  Co  was  much  lower 
than  C*  and  every  swollen  polymer  coil  was  far  away  from  each  other.  Then,  the 
residual  liquid  film  with  initial  thickness  hi  was  proceeding  with  solvent  evaporation 
and  kept  shrinking  film  thickness  as  increasing  time.  In  the  stage  2,  solvent  evaporates 
from  the  free  surface  and  there  is  convective  transportation  called  plume  [9,  10].  Here, 
we  assumed  that  the  solvent  firstly  evaporate  from  the  interstitial  site  than  from  the 
interior  of  polymer  coils,  therefore,  these  upward  flows  bring  more  solvent  to  the  free 
surface  and  make  interstitial  solvent  evaporate  uniformly  from  top  to  bottom.  As 
interstitial  solvent  keeps  evaporating,  the  concentration  increases  gradually  and 
approaches  to  C*  at  stage  3.  In  this  stage,  the  polymer  coils  contact  with  each  other 
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and  pile  up  with  liquid  film  thickness  h*.  Then,  the  solvent  evaporates  from  the 
interior  of  polymer  coils  near  the  free  surface  and  causes  the  formation  of  skin  layer 
[11],  The  upper  portion  of  polymer  coils  contract  or  collapse  due  to  the  evaporation  of 
solvent  inside.  As  the  solvent  from  interior  of  coils  keep  evaporating,  the  skin  layer 
extends  downward  to  the  bottom  plate  in  the  stage  4.  The  polymer  chains  interdiffuse 
as  most  of  solvent  evaporates  completely  from  interior  of  coils.  In  the  stage  5,  the 
solvent  evaporates  completely  to  form  a  final  glassy  film  with  thickness  ho. 


Stage  1 


Stage  2 


Stage  3 


Stage  4 


I  ddn  layer 


Stage  5 


In  the  stage  2,  there  is  mass  transportation  of  solvent  evaporation  from  liquid  film  to 
the  air  with  a  diffusion  coefficient  Dair.  The  illustration  figure  of  liquid  film  is  as 
following: 
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The  flux  of  solvent  evaporate  to  the  air,  Ja,  eould  be  approaehed  by  Fiek’s  1st  law: 


/s 


-1? 


(1) 


where  Dair  is  the  diffusion  coefficient  of  solvent  in  air,  and  1  is  the  thickness  of 
diffusion  boundary  layer  approximated  by  linear  concentration  profile  of  solvent.  C(hi) 
and  C(hi+l)  are  the  concentration  of  solvent  at  hi  and  ht+l,  respectively.  For  an  instant 
equilibrium,  the  partial  gas  pressure  of  solvent  is  equal  to  the  equilibrium  gas  pressure 
Pe,  and  could  be  replaced  with  pure  solvent  vapor  pressure  Pv(T)  in  the  dilute 
system[de  Gennes].  Therefore,  the  concentration  at  the  free  surface  C(/?,)  could  be 
expressed  as: 


(2) 

The  scaling  estimate  of  Dair  is  proportional  to  VthK  where  Vth  is  thermal  velocity  and  X 
is  mean  free  path  of  solvent  molecules  under  the  atmospheric  pressure.  We  approach 
the  mean  free  path,  A,  by  idea  gas  law  and  obtained  Dair  as: 


(3) 

where  a  is  the  size  of  one  solvent  molecule  and  pa  is  the  atmospheric  pressure. 
Substitute  (2),  (3)  into  (1),  we  obtained: 


r  (4) 

For  the  film  part,  the  flux  of  solvent  diffuse  from  bottom  plate  to  surface,  Jp  could  be 
expressed  as: 


h  - 

where  Dcoop  is  the  cooperative  diffusion  coefficient [de  Gennes’  book]  and  Co  is  the 
concentration  at  the  bottom  plate,  equal  to  the  initial  concentration.  Due  to  the  mass 
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conservation,  the  flux  Ja,  should  be  equal  to  Jf.  Therefore,  the  concentration  difference 
between  bottom  plate  and  free  surface  is: 


f  Ps 


(6) 


Experimental  Procedures 

Series  of  hydrogenous  polystyrene  (h-PS)  from  high  molecular  weight  to  low 
molecular  weight  were  used  to  prepare  samples  with  nano-scale  film  thickness. 
Polystyrene  first  was  dissolved  in  toluene  and  filtered  through  0.2pm  filter,  then  the 
solution  was  spin  casted  on  the  silicon  oxide  as  substrate.  Changing  solution 
concentration  and  fixing  the  rotating  speed  at  4500  rpm  to  control  the  film  thickness. 
Put  the  prepared  samples  under  atmospheric  environment  for  2  days  to  make  the 

residual  solvent  evaporate  completely.  After  drying,  the  films  were  annealed  at  170°C 

for  different  time. 

Micrographs  of  the  PS  thin  film  specimens  were  recorded  with  AFM  by  using 
contact  mode.  The  standard  probes  of  Veeco  tips  were  used  to  measure  the 
information  of  the  specimens.  The  cantilever,  with  silicon-tip  on  nitride  lever,  had  a 
spring  constant  of  0.03  mN.  The  image  obtained  under  the  constant  force  mode  and 
the  measurements  were  done  in  the  atmospheric  pressure  and  room  temperature.  Part 
of  experiments  containing  PS  specimens  with  ultra-thin  film  (1~3  nm)  were  finished 
by  tapping  mode  to  minimize  tip-induced  sample  degradation.  Several  images  were 
obtained  for  each  sample.  The  scan  range  was  5  pm  x  5  pm  or  10pm  x  10pm  to 
achieve  the  best  resolution. 

Results  aud  Discussious 

Solvent  Evaporation  Rates 

The  Skin  layer  effect  was  first  considered.  In  the  proposed  model,  we  assumed 
that  interstitial  solvent  evaporates  before  solvent  inside  the  polymer  coils.  Then,  we 
try  to  measure  the  solvent  evaporation  rate  test  to  distinguish  the  differences  between 
interstitial  solvent  and  the  solvent  inside  the  polymer  coils.  On  the  other  hand, 
molecular  weight  effect  could  be  observed  by  this  test  as  well  if  the  solvent 
evaporation  rate  of  high  and  low  molecular  weight  are  really  different. 

The  testing  molecular  weights  we  choose  are  2M  and  50k  polystyrene.  The 
solution  is  prepared  with  initial  concentration  lOmg/mL  and  deposited  volume  0.3mL. 
The  following  pictures  are  plots  of  weight  loss  per  minute  versus  time  for  2M  and 
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50k. 
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Fig  1.  Weight  loss  rates  for  2M. 


Fig  2.  Weight  loss  rates  for  50k. 


From  Figs  1  and  2,  the  weight  loss  per  minute  decrease  with  increasing  time  for 
both  2M  and  50k.  But  for  50k,  the  values  of  weight  loss  per  minute  are  higher  at 
former  part  and  then  decreases  quickly  at  later  part.  It  means  that  there  is  apparently 
two-stage  change  of  weight  loss  at  roughly  17  minutes.  Therefore,  we  can  conjecture 
that  the  interstitial  solvent  evaporate  first  until  all  of  the  interstitial  solvent  evaporate 
up.  Then,  solvent  evaporate  from  the  interior  of  polymer  coils  and  skin  layer  start  to 
form  to  hinder  further  evaporation  of  lower  layers.  The  skin  layer  effect  cause  the 
decrease  of  weight  loss  can  be  explained  by  two-stage  weight  loss  behavior,  and  the 
changing  point  is  corresponding  to  the  polymer  volume  fraction  of  C*  of  50k,  roughly 
4%.  As  for  2M,  there  is  not  apparent  two-stage  behavior  in  the  plot  because  the 
critical  volume  fraction  of  2M  is  0.2%,  very  close  to  the  volume  fraction  of  initial 
concentration.  Therefore,  almost  all  of  the  evaporation  processes  occur  at  later  part. 


Molecular  Weight  Effects 

The  Fig  3  is  the  comparison  of  2M,  50k  and  pure  solvent  with  the  same  initial 
concentration  and  deposited  volume. 
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Fig  3  The  direct  weight  versus  time  for  2M,  50k  and  pure  solvent. 


We  can  see  that  the  direct  weight  decreases  with  increasing  time  for  three 
different  solutions,  but  2M  has  the  slowest  solvent  evaporation  rate  and  pure  solvent 
has  the  fastest  one.  On  the  other  words,  polymer  with  high  molecular  weight  has 
better  solvent  retention  ability  than  lower  one.  Therefore,  2M  polymer  coils  have 
longer  time  to  adjust  the  instabilities  during  the  relatively  slow  evaporation  rate,  while 
solvent  escape  from  the  inside  of  low  molecular  weight  polymer  coils. 

Critical  Concentration  Tests 

Fig  4  shows  AFM  images  of  polymer  films  which  are  formed  near  the  critical 
concentrations  of  2M  and  90k  molecular  weight,  the  initial  concentrations  are  0.8,  0.5, 
and  0.2  mg/mL,  respectively. 

At  0.8  mg/mL,  both  2M  and  90k  polymer  solutions  formed  polymer  films  with 
whole  surface  and  no  clear  pore.  Therefore,  the  concentration  which  is  over  0.8 
mg/mL  could  form  complete  films.  When  the  concentration  is  degraded  to  0.5  mg/mL, 
there  are  different  morphologies  of  two  polymer  solutions.  It  is  a  complete  film  and 
only  a  few  small  pores  appear  for  2M,  while  there  are  many  pores  but  most  of  film  is 
complete  for  90k.  It  suggests  that  the  critical  concentration  for  forming  films  is 
between  0.5  ~  0.8  mg/mL  for  polystyrene.  When  the  concentration  decayed  to  0.2 
mg/mL,  both  two  molecular  weight  polymer  solution  can  not  form  a  film.  Most  of 
films  were  broken,  and  it  was  more  serious  for  90k. 

According  to  the  film  theory,  it  suggests  that  the  molecular  chains  had  longer 
time  to  adjust  and  shrink  due  to  the  slower  solvent  evaporation  rate  of  the  polymer 
coils  of  2M  polymer  in  the  dilute  concentration.  Thus,  to  compare  with  90k  polymer, 
2M  polymer  is  more  stable.  Then  because  of  its  longer  chains  and  larger  volume,  it 
has  low  mobility,  polymer  coils  are  difficult  to  move  after  shrink.  Therefore,  the 
smaller  pores  for  2M  are  relative  to  the  mobility  of  the  molecular  chains. 

2M  90k 
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Fig  4  AFM  images  of  polymer  films  for  different  initial  eoneentrations. 

In  eontrast,  the  solvent  evaporated  quiekly  from  the  polymer  eoils  of  the  low 
moleeular  weight  PS,  the  moleeular  ehains  had  shorter  time  to  adjust  itself.  Most  of 
ehains  were  eollapsed  direetly  and  were  not  stable.  But  due  to  its  shorter  ehains  and 
high  mobility,  it  ean  move  easily  and  entangles  with  other  ehains,  and  the  pores  are 
larger. 

Fig  5  is  AFM  images  of  dewetting  samples  from  0.8  mg/mL  polymer  solution  of 
2M  and  90k  moleeular  weight.  The  samples  were  heated  by  30s,  and  1,  2,  and  5  min. 

After  30  s  heating,  there  are  some  pores  in  the  2M  polymer  film.  Then  after  2 
min  heating,  there  were  more  pores  and  beeame  larger.  After  5  min  heating,  the  film 
was  broken  seriously,  but  the  arrangement  was  more  eompaet.  For  90k  polymer  film, 
it  was  broken  mueh  more  after  30  s  heating.  Then  after  5  min  heating,  the  pores 
beeame  larger  and  the  film  was  ineomplete. 

2M  90k 
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Fig.  5  AFM  images  for  different  heating  time  with  initial  eoneentration  0.8  mg/mL. 
The  Effect  of  Molecular  Weight 

In  experiment  III,  the  film  thickness  was  fixed.  Fig  6  indicates  the  relationship 

between  recoiling  stress  and  molecular  weight,  the  film  thicknesses  are  10  nm  and 
40  nm. 
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Figure  6.  Recoiling  stress  vs.  molecular  weight. 
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Recoiling  stress  vs.  film  thickness 

From  Fig  6,  no  matter  the  film  thickness,  with  increasing  molecular  weight  the 
recoiling  stress  tended  to  decrease.  The  recoiling  stress  decreased  much  when  the 
molecular  weight  is  between  50k  and  200k. 

In  another  experiment,  we  selected  two  molecular  weights,  200k  and  900k,  to 
observe  the  effect  of  film  thickness  on  recoiling  stress  in  Fig  7.  In  Fig  7,  with 
increasing  film  thickness,  the  recoiling  stresses  decreased  from  10  to  2.5  MPa  for 
200k  and  from  5.5  to  1  MPa. 

5.  Conclusions 

From  the  solvent  evaporation  rate  test,  the  two-stage  weight  low  behavior  of  50k 
show  the  skin  layer  effect  on  hindering  solvent  evaporates  from  the  interior  of 
polymer  coils.  The  comparison  of  2M,  50k  and  pure  solvent  shows  the  molecular 
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Figure  7. 
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weight  effect  on  solvent  evaporation.  Polymer  with  higher  molecular  weight  has 
slower  solvent  evaporation  rate  to  adjust  the  instabilities  caused  from  the  solvent 
escaping,  so  the  polymer  chains  have  more  time  to  adjust  and  self-contract.  However, 
with  the  characteristics  of  low  mobility  for  high  molecular  weight  polymer,  they  tend 
to  be  low  degree  re-entanglement.  Therefore,  when  high  molecular  weight  polymer  is 
processing  dewetting  experiments,  they  are  relatively  well-adjusted  to  release  the 
residual  stress,  so  the  recoiling  stress  of  high  molecular  weight  is  small.  From  the 
observation  of  AFM  graphs,  2M  thin  film  has  less  holes  and  the  distance  of  droplet  is 
small.  For  polymer  with  low  molecular  weight,  such  as  50k,  solvent  evaporates  too 
fast  for  polymer  chains  to  adjust  the  instabilities,  so  they  tend  to  collapse  directly. 
Low  molecular  weight  polymer  is  easy  to  re-entanglement  with  other  chains  due  to 
the  high  mobility.  As  dewetting  the  polymer  film,  many  the  holes  quickly  appear 
because  of  higher  recoiling  stress.  From  the  AFM  images,  there  are  much  more  holes 
for  50k  and  the  droplet  distance  is  longer. 
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Chapter  5:  Viscoelastic  Thin  Polymer  Films  under  Transient 

Residual  Stresses:  Two-Stage  Dewetting  on  Soft  Substrates 

(Published  at  PHYSICAL  REVIEW  LETTERS  100,  178301  (2008)) 

Abstract: 

A  nonmonotonic,  two-stage  dewetting  behavior  was  observed  for  spin  coated  thin 
viscoelastic  polymer  films  on  soft  elastic  substrates.  At  times  shorter  than  the 
relaxation  time  of  the  polymer  {t  <  trep),  dewetting  generated  deep  trenches  in  the  soft 
rubbery  substrate  which,  in  turn,  almost  stopped  dewetting.  At  later  stages  {t »  Aep), 
dewetting  accelerated,  accompanied  by  an  unstable  rim.  However,  holes  nucleated  at  t 
<  Aep  showed  only  this  second-stage  behavior.  Our  observations  are  attributed  to  large 
elastic  deformations  in  the  substrate  caused  by  transient  residual  stresses  within  the 
film. 

Introduction: 

The  stability  of  ultrathin  polymer  films  on  various  substrates  has  attracted  broad 
interest  due  to  their  ubiquitous  applications  in  numerous  fields  and  the  possibility  of 
unveiling  molecular  processes  and  the  corresponding  physics  that  govern  the  behavior 
of  polymers  under  confinement  [1-20].  On  nonwettable  substrates,  such  ultrathin 
films  (thickness,  /?<100  nm)  may  undergo  dewetting  driven  by  capillary 
(intermolecular)  forces  [1-13]  and  residual  stresses  within  these  films  [14-21]. 
However,  only  recently  the  causes  and  consequences  of  residual  stresses  in  ultrathin 
films,  generated  by  the  process  of  spin  coating  which  is  often  employed  for  thin  film 
preparation  [14,20],  were  investigated  systematically.  In  a  physical  aging  experiment, 
residual  stresses  were  found  to  play  a  prominent  role  in  controlling  nucleation  and 
growth  of  dewetting  holes  in  the  thin  viscoelastic  films  [16].  Theoretically,  it  was 
shown  that  films  experiencing  lateral  stress  undergo  an  instability  initiated  by  an 
anisotropic  diffusion  of  the  polymer  molecules  which  can  lead  to  the  formation  of 
dewetting  holes  [17].  Substantial  residual  stresses,  also  dubbed  molecular  recoiling 
stresses,  were  determined  by  dewetting  experiments  as  a  function  of  molecular 
weights  and  film  thickness  in  thin  polymer  films  [16-20].  One  of  the  striking 
revelations  discovered  in  these  recent  experiments  is  the  surprisingly  large  magnitude 
of  the  molecular  recoiling  force,  which  can  amount  up  to  several  times  the  capillary 
force  [18,20].  In  the  here  presented  dewetting  experiments,  we  attempt  to  temporarily 
store  part  of  the  corresponding  energy  in  the  form  of  deformation  energy  of  an  elastic 
substrate  and  so  try  to  make  the  magnitude  of  these  stresses  visible.  In  addition,  we 
anticipate  that  the  transient  contribution  of  the  molecular  recoiling  force  in  dewetting 
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of  viscoelastic  thin  films  on  deformable  soft  elastomeric  substrates  should  give  rise  to 
a  host  of  remarkable  dewetting  scenarios.  Taking  into  account  knowledge  of 
liquid-liquid  dewetting,  film-soft  substrate  interactions  [3,5],  as  well  as  liquid  droplet 
spreading  on  viscoelastic  surfaces  [22-27],  we  therefore  explore  the  dewetting 
behavior  based  on  a  strong  mechanical  coupling  between  a  viscoelastic  film  and  a  soft 
elastic  substrate.  In  particular,  we  report  the  first  detailed  study  on  how  dewetting  on  a 
soft  substrate  depends  on  the  relaxation 
time  of  the  retracting  polymer. 

Experimental  Section: 

For  our  experiments,  monodisperse,  high  molecular  weight  polystyrene  (PS)  {Mw  = 
0.2,  0.4,  0.9,  1,  2,  and  5  Mg/mol,  Mw/Mn  <  l.TO,  Pressure  Chemicals  Company,  USA 
and  PSS,  Mainz,  Germany)  were  used  for  the  formation  of  ultrathin  viscoelastic  films 
of  thickness  (/?)  ranging  from  20  to  80  nm.  The  substrates  used  for  most  of  the 
experiments  presented  here  were  prepared  by  spincoating  a  heptane  or  toluene 
solution  of  polydimethylsiloxane  (PDMS)  silicone  rubber  (Sylgard  182  or  Sylgard 
184,  Dow  Coming)  onto  polished  silicon  wafers.  The  resulting  thickness  (e)  ranged 
from  20  nm  to  about  2  pm.  The  Young’s  modulus  of  the  silicone  cured  for  1  h  at  150 

°C  was  2  MPa  [28].  On  top  of  this  silicone  layer,  we  spin  coated  the  ultrathin  PS  film. 

We  note  that  the  results  presented  below  did  not  change  significantly  when  the  PS 
film  was  prepared  on  a  bare  silicon  wafer,  floated  off  on  water  and  then  transferred 
onto  the  silicone  layer.  However,  as  this  transfer  process  contains  the  risk  of  creating 
many  imperfections  in  the  films  (stresses,  deformations,  ripples,  folds,  weak  contact, 
inclusions  of  air  gaps,  etc.),  we  used  such  samples  only  for  control  experiments.  To 
investigate  the  effect  of  substrate  softness,  we  used  a  Si-wafer  coated  with  a  thin 
monolayer  of  irreversibly  adsorbed  PDMS  (thickness  10  nm).  The  film  thickness  and 
roughness  of  the  PS  films  were  measured  by  ellipsometry  and  atomic  force 
microscopy  (AFM).  Dewetting  was  performed  in  a  vacuum  oven  or  on  a 

nitrogen-purged  microscopy  hot-stage  at  temperatures  ranging  from  130°C  to  200°C. 

The  dewetted  samples  were  examined  under  an  optical  microscope  and  by  AFM 
(Digital  Instruments  Nanoscope  IIIA/D3I00)  at  ambient  conditions. 

Results: 

Previous  experiments  (e.g.,  [2,7,10])  on  nondeformable,  nonwettable  substrates 
showed  the  appearance  of  many  holes,  randomly  distributed  across  a  thin  polymer 
film  which  was  heated  above  its  glass  transition.  A  distinct  rim  was  associated  with 
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each  hole  and  typically  these  holes  grew  until  they  eventually  coalesced  and  formed 
polygon  ridges  which  ultimately  disintegrated  into  droplets  via  a  Rayleigh  instability 
[10,29],  However,  in  the  here  presented  experiments  a  different  behavior  was 
observed  (Fig.  1).  Initial  holes  grew  rapidly  at  the  beginning,  but  subsequently  slowed 
down  significantly  and  came  to  an  apparent  standstill.  In  contrast,  holes  nucleated  at 

later  stages  [for  example,  after  several  hours  at  170°C  in  Fig.  1(a)  and  1(b)]  did  not 

show  such  a  slowing  down  but  rather  exhibited  rim  instabilities  and  an  acceleration  of 
the  dewetting  velocity.  With  the  early  formed  holes  remaining  almost  stationary,  these 
later  ones  grew  so  rapidly  that  they  eventually  covered  almost  the  whole  film. 
Interestingly,  at  about  the  same  time  as  these  secondary  unstable  holes  appeared,  the 
early  stage  holes  also  slowly  restarted  to  grow  in  diameter  and  developed  fingers. 
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FIG.  1  Optical  micrographs  showing  dewetting  of  (a)  of  different  samples  of  a  40  nm 

PS  film  (Mw  =  0.9  Mg/mol)  on  a  2  /an  PDMS  layer  at  170°C(trep  =  2700  sec)  for 

(from  left  to  right)  5  360  480  and  540  min  (size  of  images:  206  x  206  //m^)  and  (b)  a 
time  series  from  a  single  40  nm  PS  film  (Mw  =1.0  Mg/mol)  on  a  200  nm  PDMS  layer 

at  180  °C  (trep  =  1200  sec)  for  (from  left  to  right)  2,  110,  380,  800,  and  900  min  (size 
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2 

of  images:  58  x  58  m  ).  (c)  Hole  diameter  (for  uneven  holes,  a  mean  diameter  of  the 
enveloping  perimeter  of  the  hole  was  taken),  and  (d)  dewetting  veloeity  for  the  holes 
labeled  by  E  (squares)  and  L  (eireles)  in  panel  (b). 


Sueh  a  differenee  in  dewetting  behavior  between  early  and  late  holes,  but  also 
the  possibility  to  nueleate  holes  in  thin  films  after  many  hours  of  annealing,  was  never 
observed  on  hard  substrates.  Thus,  we  examined  the  influenee  of  the  soft  substrate  by 
systematieally  varying  the  thiekness  (e)  of  the  rubbery  PDMS  layer.  From  Fig.  2,  it 
beeomes  quite  obvious  that,  with  respeet  to  hard  substrates,  dewetting  on  soft 
substrates  was  slowed  down  signifieantly.  For  example,  at  annealing  times  longer  than 
about  lO"^  see,  a  quasistatie  hole  diameter  was  observed  whieh  did  not  depend 
signifieantly  on  the  dewetting  temperature  [see  the  360  nm  thiek  PDMS  layer  in  Fig. 


2(a)].  Solely,  at  the  signifieantly  higher  temperature  of  180°C,  this  diameter  was 


reaehed  mueh  faster.  From  Fig.  2(b),  one  ean  eonelude  that  the  hole  diameter 
deereased  with  inereasing  PDMS  layer  thiekness.  In  eontrast  to  the  behavior  on  a  hard 
substrate  (eompare  with  the  results  on  Si-wafer  eoated  with  a  PDMS  monolayer), 
dewetting  holes  ereated  on  a  eross-linked  PDMS  layer  of  1.5pm  did  not  grow  beyond 
a  diameter  of  about  5  pm,  even  after  long  annealing  times  (but  shorter  than  the  bulk 
reptation  time  (4ep)  of  the  polymer  at  that  dewetting  temperature  [30]).  We  eonelude 
that  dewetting  of  PS  films  on  thiek  enough  soft  substrates  seems  to  be  eonfronted  with 
a  limiting  diameter  of  the  opening  holes. 
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FIG.  2.  (a)  Hole  diameter  (d)  as  a  function  of  dewetting  time  (for  uneven  holes,  a 
mean  diameter  of  the  enveloping  perimeter  of  the  hole  was  taken)  for  a  55  nm  PS  film 


(Mw=  1.0  Mg/mol)  dewetting  at  130°C  (hep  =1.2  xlO*’  sec  )  on  a  10  nm  monolayer  of 


irreversibly  adsorbed  PDMS  molecules  (stars),  a  360  nm  thick  (lozenges)  and  a  2/jm 
thick  cross-linked  PDMS  layer  (triangles).  For  comparison,  the  data  from  hole 
“E“  of  Fig.  1  (open  squares)  are  replotted  (b)  Hole  diameter  as  a  function  of  the 
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thickness  of  the  soft  rubbery  PDMS  layer  for  a  55  nm  PS  film  {Mw  =1.0  Mg/mol) 
dewetting  at  130°C  measured  after  different  de wetting  times  as  indicated  in  the  figure. 


Detailed  inspection  of  the  dewetting  hole  topography  by  atomic  force 
microscopy  (Fig.  3)  unveiled  that  the  depth  of  the  holes  could  be  much  deeper  than 
the  film  thickness.  This  indicated  that  significant  substrate  deformations  incurred  by 
dewetting,  manifesting  a  strong  mechanical  coupling  between  visco-elastic  film  and 
soft  substrate.  The  deformation  of  the  substrate  proved  to  be  elastic  and  was  fully 
recoverable  as  verified  by  removing  the  PS  film  via  a  solvent  rinse.  Large 
deformations  in  the  PDMS  layer  occurred  only  during  stages  of  dewetting  when  the 
PS  film  was  deformed  elastically,  i.e.,  at  times  shorter  than  fep.  Consequently,  for 
experiments  at  low  temperatures  close  to  the  glass  transition  the  influence  of  film 
elasticity  persisted  for  longer  times.  Pushed  aside  by  the  opening  forces,  the  material 
from  within  the  dewetted  hole  generated  a  visible  rim  at  the  hole  perimeter,  and 
simultaneously  a  similar  rim  on  the  substrate  side,  which  we  call  an  “elastic  trench” 
as  it  deformed  the  rubbery  PDMS  layer  underneath.  Most  importantly,  this  substrate 
deformation  engendered  an  elastic  restoring  force  which  counteracted  the  driving 
capillary  and  molecular  recoiling  forces  in  the  film.  The  existence  of  a  trench  also 
caused  an  increase  in  frictional  resistance  for  the  opening  of  the  hole  by  augmenting 
significantly  the  contact  area  between  PS  and  PDMS  which  is  proportional  to  the 
perimeter  of  the  trench.  The  shape  of  the  dewetting  hole  and  the  depression  in  the 
PDMS  layer  thus  have  to  be  related  to  the  balance  of  the  driving  dewetting  forces  in 
the  viscoelastic  film,  the  frictional  resistance  at  the  filmsubstrate  interface,  and  the 
counteracting  elastic  substrate  deformation.  All  together  caused  the  slowing  down  of 
dewetting  with  the  increase  of  the  thickness  of  the  deformable  soft  PDMS  layer  and 
ultimately  allowed  only  the  formation  of  comparatively  small  quasistatic  holes. 
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FIG.  3.  Atomic  force  microscopy  cross  section  through  dewetted  holes,  indicated  by 
white  lines  in  the  corresponding  full  2D  topography  AFM  images  next  to  the  graph,  in 


a  55  nm  PS  film  {Mw  =1.0  Mg/mol)  on  a  360  nm  PDMS  layer,  dewetting  at  140°C 

(trep  =  160000  sec)  for  (a)  300,  (b)  1500,  (c)  20  000,  (d)  800  000,  and  (e)  950  000  sec, 
respectively.  The  surface  of  the  unperturbed  PS  film  has  been  set  to  zero  height  or 
depth  level.  Accordingly,  the  level  of  the  unperturbed  PDMS  surfaces  is  at  -55  nm. 
Traces  b  and  c  represent  the  transient  depression  in  the  soft  substrate. 


The  deformation  of  the  cross-linked  rubbery  substrate  did  not  disappear  once  the 
residual  stresses  had  relaxed  which,  based  on  previous  experiments  [16,19],  occurred 
at  a  time  significantly  shorter  than  fiep.  In  fact,  the  apparent  standstill  of  hole 

propagation  after  only  few  minutes  of  annealing  at  180°C  (Figs.  1)  is  believed  to  be 

strongly  influenced  by  a  rapidly  decreasing  contribution  of  residual  stresses  to  the 
forces  driving  dewetting  while,  by  contrast,  the  forces  resisting  dewetting  due  to  the 
elastic  deformation  of  the  substrate  (the  trench)  still  remained.  However,  the  lifetime 
of  the  trench  is  not  infinite.  The  elastic  trench  could  be  removed  by  polymer  diffusion 
and  viscous  flow  driven  by  capillary  forces  (Laplace  pressure)  which  had  to  compete 
with  interfacial  friction  between  PS  and  PDMS  at  the  level  of  the  trench,  an 
equilibration  process  needing  relatively  long  times,  longer  than  hep.  After  full 
equilibration,  only  a  much  shallower  “viscous  trench“  caused  by  the  normal 
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component  of  the  capillary  force  (i.e.,  y  sin6^,  with  y  being  the  surface  tension  of  PS 
and  6  being  the  contact  angle  [23])  was  left.  At  that  point,  most  resistance  due  to 
deformation  of  the  rubbery  PDMS  film  was  removed  and  the  PS  film  slipped  on  the 
PDMS  substrate.  Consequently,  the  dewetting  rim  became  unstable  due  to  a  dewetting 
velocity  which  now  depended  on  the  width  of  the  rim  [31].  This  rim  instability  [31,32] 
generated  fmgerlike  threads  of  PS  which  eventually  decomposed  into  droplets. 

It  was  already  demonstrated  previously  [13,18,20]  that  residual  stresses  resulting 
from  film  preparation  can  be  significantly  larger  than  capillary  forces  and,  at  times 
shorter  than  fep,  are  responsible  for  the  formation  of  highly  asymmetric  rims  in 
elastically  deformed  polymer  films.  These  rims  were  much  larger  than  ones  generated 
by  capillary  forces  alone  [15,16].  As  a  first  approximation,  the  substrate  depression 
(O),  measured  inside  the  hole  (see  Fig.  3),  can  be  considered  as  a  direct  indicator  of 
the  local  strain  in  the  PDMS  layer  inside  the  hole,  from  which  the  total  dewetting 
force  exerted  on  the  film  can  be  estimated  [15-20].  As  shown  in  Fig.  4,  the  systematic 
analysis  of  D  made  it  clear  that  D  reached  a  maximum  value  within  relatively  short 
time.  Later  on,  D  slowly  started  to  decrease.  The  late  stage  dewetting  process, 
characterized  by  a  renewed  increase  in  hole  diameter  and  the  nucleation  of  rapidly 
growing  2nd-stage  holes,  set-in  when  the  substrate  depression  decreased  substantially. 
However,  in  Fig.  4  this  stage  was  only  reached  for  the  shorter  polymer  where  the 
de wetting  time  exceeded  fep.  It  is  quite  revealing  that  for  t  <  fep  the  hole  diameter  for 
both  samples  in  Fig.  4(b)  (differing  in  chain  length  by  a  factor  of  5)  reached  about  the 
same  quasistatic  value  of  approximately  20  pm.  The  vanishing  of  the  depression  in 
the  soft  substrate  reflects  both  the  decrease  of  the  residual  stresses  and  the  transition 
to  a  viscous  behavior  at  times  longer  than  fep,  causing  a  transition  from  the  initial 
elastic  trench  [Fig.  4(c)]  to  the  final  viscous  trench  [Fig.  4(d)].  Holes  which  were 
nucleated  only  after  the  relaxation  of  residual  stresses  were  never  surrounded  by  large 
rims  and  correspondingly  never  caused  large  deformations  of  the  soft  substrate. 
Therefore,  equilibration  of  the  trench  was  fast  and  the  transition  to  a  viscous 
dewetting  behavior  occurred  soon  after  hole  nucleation. 
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d:  LATt  STAGE 


FIG.  4.  Depth  of  the  depression  within  the  hole  (a)  versus  dewetting  time  and  (b) 
versus  the  diameter  of  the  holes  for  the  samples  of  Fig.  3  (stars)  and  a  55  nm  PS  film 


(Mw  =  5.0  Mg/mol)  on  a  360  nm  PDMS  layer,  dewetting  at  130°C  (spheres,  trep=  2.9  x 

10*  sec).  (c),(d):  Schematic  representation  of  the  shape  of  the  rim  and  the  trench  of  a 
dewetting  hole  in  a  PS  film  deforming  the  soft  rubbery  PDMS  layer  underneath. 
Because  of  elastic  deformation  of  the  PS  film  at  early  stages  the  corresponding  elastic 
trench  is  digging  into  the  soft  PDMS  under-layer  quite  deeply.  At  late  stages,  after  the 
relaxation  time  trep,  only  a  small  deformation  (viscous  trench)  due  to  the  normal 
component  of  the  capillary  force  at  the  three  phase  contact  line  is  left  in  the  PDMS 
layer. 


Conclusions: 

In  conclusion,  a  novel  dewetting  behavior  of  thin  polymer  films  on  soft  substrates 
exhibiting  two  distinctly  different  stages  was  revealed.  The  transition  from  early  to 
late  stage  dewetting  was  found  to  be  governed  by  relaxation  processes  in  the 
dewetting  viscoelastic  film.  At  times  shorter  than  _rep,  due  to  elastic  deformation  of 
the  dewetting  film  amplified  by  residual  stresses  [15,16,19],  a  considerable  trench  was 
induced  in  the  deformable  substrate.  The  size  of  the  trench  was  much  larger  than  what 
capillary  forces  alone  could  have  achieved.  If  such  an  elastic  deformation  could  be 


83 


maintained  indefinitely,  holes  would  never  grow  beyond  a  maximum  diameter 
determined  by  the  balance  of  forces  driving  dewetting  and  the  counteracting  elastic 
force  resulting  from  the  induced  elastic  deformation  of  the  rubbery  substrate. 
However,  the  elastic  behavior  of  the  dewetting  film  vanished  at  times  longer  than  rep 
and  thus  the  elastic  trench  disappeared.  At  this  stage,  the  polymer  behaved  like  a 
viscous  fluid  and  dewetting  was  controlled  by  slippage,  which  induced  a 
Rayleigh-type  rim- instability  [31,32]  and  led  to  droplet  formation.  Consequently,  by 
using  deformable  substrates,  long-lasting  metastable  films  containing  only  tiny  holes 
can  be  achieved  for  times  shorter  than  rep-  In  potential  applications,  one  may  take 
advantage  of  the  often  very  long  relaxation  times  of  polymers.  In  such  cases,  one  can 
obtain  almost  stable  films  for  extended  periods  of  time  by  simply  using  soft  instead  of 
rigid  substrates. 
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Chapter  6:  Grafting  Conjugated  Macromolecules  to  Percolated 
Carbon  Nanotubes  Network  Templates  for  Optoelectornic  Functions 

Abstract 

To  investigate  the  single  molecule  behavior  and  chain  conformation  effect  in  the 
nanocomposites  comprised  of  conjugated  polymers  and  carbon  nanotubes,  congugated 
polymers,  poly  (3-hexylthiophene)  (P3HT)  and  poly 

[2-methoxy-5-(2'-ethyl-hexyloxy)-l,  4-  phenylene  vinylene]  (MEH-PPV),  were 
grafted  to  percolated  multiwalled  carbon  nanotubes  via  various  surface  grafting 
reactions.  The  grafted  conjugated  polymers  wrapped  the  nanotubes  behaving  as  a 
nanometer  scale  thin  film  and  contributed  considerably  to  the  resistivity  of  the 
nanocomposites.  The  resistivity  of  these  polymer  thin  filmd  can  be  estimated  by  a 
percolation  theory.  Various  polymer  coating  thickness  were  prepared  via  controlling 
the  reaction  conditions  and  the  thickness  effect  on  resistivity  of  the  nanocomposites 
was  studied.  For  comparison,  a  saturated  polymer,  polystyrene  (PS),  was  also  studied 
for  the  unique  thickness  and  perlation  effects. 

Introduction 

Due  to  the  intrically  small  sizes  and  high  aspect  ratios,  as  well  as  the  various 
superb  physical  and  mechanical  properties  carbon  nanotubes  (CNTs)  have  been 
widely  explored  in  blends  with  other  materials  in  order  to  fabricate  novel 
nano-composites  for  significantly  improved  mechanical,  electrical  and  thermal 
properties.  When  CNTs  are  well  mixed  with  the  matrix,  they  will  form  a  statistical 
network  that  pecolate  the  electrical,  thermal,  or  even  the  mechanal  stimuli.  Because  of 
their  high  aspect  ratio  and  high  electrical  conductivity,  a  little  amount  CNTs  can 
provide  a  percolated  network  to  efficiently  increase  the  electrical  conductivity  of 
materials,  and  therefore  CNT  networks  could  be  applied  in  flexible  transparent 
electrodes^'^.  The  resistivity  of  CNT  networks  is  composed  of  two  sources:  (1)  the 
intrinsic  resistivity  of  CNT  and  (2)  the  contact  resistivity  from  the  junction  between 
CNTs^.  However,  the  van  der  Waal  forces  between  carbon  nanotubes  is  very  strong,  so 
the  dispersion  of  carbon  nanotubes  is  a  problem  for  polymer/CNTs  composites.  To 
solve  the  dispersion  problem,  polymer  is  often  grafted  on  CNT  to  improve  dispersion. 
After  grafted  with  polymer,  the  resistivity  of  CNTs  junction  becomes  higher.  This  will 
seriously  affect  the  conductivity  of  polymer/CNT  composites  and  therefore  the  CNTs 
junction  is  an  important  subject  to  study.  In  this  study,  CNTs  was  functionalized  by 
surface  grafting  to  improve  the  dispersion  of  CNT.  Different  conjugated  polymer 
coating  thickness  and  material  systems  were  explored. 
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Experimental  Section 

MWCNT  acid  treatment 

The  MWCNT  which  was  produced  by  chemical  vapor  deposition  (CVD)  (Ig)  was 
mixed  with  H2SO4  (98  wt%)  and  HNO3  (16M),  the  volume  ratio  between  H2SO4  and 
HNO3  is  3:2.  The  reaction  system  was  refluxed  under  150  for  1.5  hours  to  create 
carboxyl  group  (-COOH)  on  the  surface  of  MWCNTs’*^.  The  product  was  washed  with 
deionized  (DI)  water  by  filtration  until  the  solution  become  neutral,  and  then  dried  in 
the  oven  with  80  . 

gd  ^at/n«c%  (3:9 
R3  isrc;i5hw 


Fig.  1:  MWCNT  acid-treatment 
MWCNT  grafting  2-(3-thienylethanol) 

The  acid-treated  MWCNT  (lOOmg)  was  mixed  with  thionyl  chloride  (SOCI2)  and 
reacted  with  reflux  at  70  for  half  hour.  After  pumping  out  the  surplus  SOCI2, 
2-(3-thienylethanol)  (0.1ml)  and  pyridine  (0.1ml)  were  added  into  the  reactor,  DMAC 
for  the  solvent,  and  reacted  for  Iday  at  90  The  product  was  washed  with  toluene 
and  chloroform,  and  then  dried  in  the  oven  at  80  . 


Fig.  2:  MWCNT  grafting  2-(3-thienylethanol) 


MWCNT  grafting  poly(3-hexylthiophene)  step  I 

MWCNT  grafting  2-(3-thienylethanol)  (Img)  and  3-hexylthiophene  (0.16ml)  was 
dispersed  in  7.5ml  acetonitrile  by  ultrasonic  cleaner  for  3  hours  and  then  added  into 
the  FeCls  (0.325g)  solution  which  had  been  dispersed  in  2.5ml  acetonitrile  and  added 
more  30ml  chloroform,  reacted  at  2  for  half  hour.  The  product  was  precipitated  with 
methanol  and  dissolved  in  toluene.  After  taking  out  the  free  poly  (3-hexylthiophene) 
(P3HT)  by  centrifuge,  MWCNT-g-P3HT  was  obtained. 


Fig.  3:  MWCNT  grafting  poly  (3-hexylthiophene)  step  I 
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MWCNT grafting poly(3-hexylthiophene)  step  II 

The  product  of  MWCNT  grafting  poly  (3-hexylthiophene)  step  I  was  collected  and 
dispersed  by  ultrasonic  cleaner  and  added  FeCls  to  increase  the  coating  thickness  of 
P3HT.  The  product  was  precipitated  with  methanol  and  dispersed  in  toluene.  Free 
poly  (3-hexylthiophene)  was  removed  by  centrifuge.  Table  1  is  the  reaction  conditions 
summary  of  MWCNT  grafting  poly  (3-hexylthiophene)  step  I  and  II. 


Fig.  4:  MWCNT  grafting  poly  (3-hexylthiophene)  step  II 


Sample 

Monomer 

volume  (ml) 

The  amount 

ofFeCl3(g) 

Volume  of 

CH3CN  (ml) 

Volume  of 

CHCI3  (ml) 

Step  I 

0.16 

0.325 

10 

30 

Step  II-A 

0.16 

0.325 

0.4 

39.6 

Step  II-B 

0.16 

0.65 

0.4 

39.6 

Step  II-C 

0.16 

0.65 

0 

40 

Table  1 :  Summary  of  conditions  to  synthesize  P3HT  grafting  on  the  surface 
ofMWCNTs 


MWCNT  grafting  MEH-PPV 

Acid-treated  MWCNTs  were  added  with  MEH-PPV  monomers  and  pyridine  to 
graft  the  monomers  on  the  MWCNT  surface  with  ultrasonication  in  THF  solvent. 
After  grafting  MEH-PPV  monomer  on  MWCNT,  MEH-PPV  monomers  and 
(MEH-PPV  monomer)-grafted  MWCNT  were  mixed  evenly  in  THF.  By  slow  addition 
of  potassium  tert-butoxide  (tBuOK)  under  dark  condition  at  5°C  for  4  hours  to  grow 
MEH-PPV  on  MWCNT  surface. 
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Figure  5:  MWCNT  grafting  MEH-PPV 


MWCNT grafting  polystyrene  (PS) 

MWNT-COOH  was  reacted  with  sodium  ethoxylate  (EtONa)  under  sonication  for 
1  h  to  generate  MWNT-COONa.  MWNT-COONa  and  1  ml  4-vinylbenzyl  chloride 
(VBC)  were  mixed  under  sonication  for  2  h  to  form  MWNT-COOCH2(C6H4)CHCH2 
through  eliminating  sodium  chloride  (NaCl).  Into  a  25  ml  flask  equipped  with  a  reflux 
condenser  and  a  magnetic  stir  bar,  MWNT-COOCH2(C6H4)CHCH2  made  from  above 
procedure  were  added  with  3  ml  styrene  monomer  and  5  mg 
2,2’-azobis-isobutyronitrile  (AIBN)  as  an  initiator  at  100°C  for  3  h  to  grow  PS  chains 
grafting  on  MWNTs  (PS-MWNT). 


Figure  6:  MWCNT  grafting  PS 
Sample  for  resistivity  measurement 

Monodisperse  PS  (Mw/Mn  =  1.3)  of  molecular  weight  Mw  =  2000000  (Pressure 
Chemical  Co.,  U.S.A.)  was  used  as  the  polymeric  matrix  to  blend  with  different 
weight  ratio  MWCNT-P3HT,  MWCNT-MEHPPV  and  MWCNT-PS  to  form 
MWCNT-P3HT/PS,  MWCNT-MEHPPV/PS  and  MWCNT-PS/PS  composites. 

Analysis  instrument 

The  change  in  the  surface  chemical  bonding  of  the  MWCNTs  and  the  grafting 
behavior  of  the  hybrid  was  recorded  by  Fourier- transformed  infrared 
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spectrophotometry  (FT-IR).  The  morphology  and  polymer  coating  thickness  were 
measure  by  transmission  electron  microscopy  (TEM),  JOEL  JEM-2010.  The  weight 
percentage  and  of  polymer  was  measure  by  Perkin-Elmer  thermal  analysis  TG/DTA 
system  at  a  ramp  rate  of  10®C  min'  under  argon  flow.  The  photoluminescence  spectra 
of  MWCNT-g-P3HT  randomly  dispersed  in  toluene  were  recorded  using  a 
Perkin-Elmer  LS55  Photoluminescence  spectrometer.  The  absorption  spectra  of  the 
hybrid  randomly  dispersed  in  toluene  were  obtained  using  an  ultraviolet  -  visible 
(UV-vis)  spectrometer.  The  molecular  weight  of  P3HT  grafted  on  the  surface 
MWCNTs  was  obtained  by  using  Gel  Permeation  Chromatography  (GPC)  Waters. 
Source  meter,  Keithley  2400,  was  used  to  measure  the  resistivity  of 
polymer-g-MWCNT  composite. 

Results  and  Discussions 

FTIR  spectra 

The  FTIR  spectra  of  CH  stretching  frequency  region  (~  2800  to  3000  cm'*)  and 
C=H  stretching  region  (-3000  to  3200)  of  MWCNT-COOH,  MWCNTs-COCl, 
MWCNTs-g-HET  are  shown  in  figure  7.  From  the  figure  it  is  apparent  that  the  OH 
stretching  frequency  shows  in  MWCNTs-COOH  sample  and  disappear  in 
MWCNTs-COCl,  MWCNTs-g-HET.  It  is  clear  that  every  -COOH  group  on 
MWCNTs  grated  with  monomer  HET.  The  1450  cm-1  peak  of  MWCNTs-g-HET 
corresponds  to  the  stretching  vibration  of  thiophene  ring. 


sp^bond  stretching 


Figure  7:  FT-IR  spectra  of  MWCNTs-COOH,  MWCNTs-COCl, 
MWCNTs-g-HET 

TEM  Observations 

Because  of  the  dispersion  ability  of  CNT  in  different  solvent,  we  need  to  carry 
out  the  polymerization  process  with  2  steps.  Eirst,  for  the  E*  step,  acetonitrile  was 
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introduced  into  the  reaction  system  because  of  well  dispersion  of  CNT  in  acetonitrile. 
Acetonitrile  can  dissolve  FeCls  and  decrease  the  reactivity  of  FeCls*^.  Figure  8  is  the 
TEM  micrographs  of  step  I  sample,  the  coating  thickness  is  about  2.1nm.  Figure  9  is 
the  TEM  micrographs  of  step  2  -  sample  A,  the  coating  thickness  is  about  3.6nm. 
From  sample  A  to  sample  B  (figure  1 0),  the  thickness  doesn’t  change.  We  can  find  the 
sample  C  has  the  thickest  coating  about  6  nm;  however,  there ’re  many  unremovable 
particles  (figure  11).  The  possible  reasons  we  have  unwashable  particles  are  the 
crosslink  between  polymer  grafted  on  CNT  and  another  polymer  grafted  on  CNT  and 
there’re  polymers  wrap  around  FeCfi  that  we  can’t  wash.  To  remove  the  particles  have 
FeCfi,  the  resulting  reaction  mixture  was  poured  into  methanol,  and  a  precipitate 
formed.  This  was  filtered  off  and  washed  with  methanol.  After  that,  using  ammonia 
dedoping  to  remove  CF  and  ethylenediamine  tetraacetic  acid  (EDTA)  to  remove  Fe^"^, 
as  suggested  by  Anderson  et.al.'"^.  From  the  calculation,  the  distance  between  2  CNTs 
is  about  3.6pm.  It’s  further  than  distance  for  2  polymers  can  reach  each  other. 
According  to  the  dynamic  of  CNTs,  if  we  have  CNTs  touch  each  other  and  chemical 
reaction  happens,  there’s  possibility  to  become  crosslinking.  To  avoid  the  crosslinking, 
the  ultra-sonic  will  be  used  to  polymerize  in.  It’s  nescessary  to  separate  every 
MWCNTs-g-P3HT  with  each  other  to  know  clearly  the  its  properties  according  to  the 
interaction  between  CNT  and  P3HT. 


Figure  8:  TEM  micrographs  of  MWCNTs-g-P3HT  of  step  1  (error  bar:  ±  0.6  nm). 

(a)  The  uniform  coating  of  P3HT  grafted  on  CNTs,  (b)  (c)  The  network  of 
MWCNTs-g-P3HT. 


Figure  9:  TEM  micrographs  of  MWCNTs-g-P3HT  -  step  2  of  sample  A  (error  bar:  ± 


91 


1.1  nm) 


Figure  12  shows  the  MEH-PPV  coated  MWCNT,  the  MEH-PPV  coating 
thickness  is  about  2.9nm.  Figure  13  is  the  SEM  micrographs  of  well  dispersed 
MWCNT-g-PS  and  the  PS  coating  thickness  is  about  2nm. 


Eigure  10:  TEM  micrographs  of  MWCNTs-g-P3HT  -  step  2  of  sample  B 


Eigure  11:  TEM  micrographs  of  MWCNTs-g-P3HT  -  step  2  of  sample  C. 


Figure  12:  TEM  micrograph  of 
MWCNT-MEHPPV 


Figure  13:  SEM  micrograph  of 
MWCNT-PS 
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Thermogravimetry  analysis 

Figure  14  is  the  thermogravimetry  analysis  data  for  sample  of  step  I  and  step  II  of 
sample  A.  Blue  line  is  the  P3HT  which  was  defunctionalized  from  MWCNT-g-P3HT. 


From  the  TGA,  we  can  find  that  P3HT  is  decomposited  from  100°C  to  250°C.  For 


sample  of  P3HT  step  I  and  step  II  of  sample  A,  there  also  exists  obvious  weight 


change  in  the  same  range.  At  250°C,  the  weight  loss  of  P3HT  step  I  sample  and 


sample  II  of  sample  A  are  14%  and  24%  respectively.  From  the  TGA  for 
MWCNT-MEHPPV  and  MWCNT-PS,  the  weight  loss  of  MEHPPV  and  PS  are  18% 


and  10%  (Figure  15). 


Figure  14:  TGA  for  MWCNT-P3HT  step  I  and  step  II  of  sample  A 
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Figure  15:  TGA  for  MWCNT-MEHPPV  and  MWCNT-PS 


Method  of  thickness 

measurement 

MWCNT-P3HT 

stepl 

MWCNT-P3HT 

step2 

MWCNT-MEHPPV 

MWCNT-PS 

TEM  observation 

2.1  nm 

3.6  nm 

2.9  nm 

2nm 

TGA  estimation 

1.4  nm 

2.6  nm 

1.8  nm 

1  nm 
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Table  2:  Polymer  coating  thickness  of  MWCNT-P3HT,  MWCNT-MEHPPV  and 

MWCNT-PS 


By  geometry  calculation,  the  coating  thickness  can  be  estimated  from  weight 
percentage  of  polymer.  The  estimated  thickness  for  P3HT  step  I  is  1.4nm;  for  step  II 
of  sample  A  is  2.6nm.  The  estimated  polymer  coating  of  MWCNT-MEHPPV  and 
MWCNT-PS  is  about  l.Snm  and  Inm  respectively.  Table  2  is  a  summary  of  coating 
thickness  for  different  polymer  grafted  MWCNT  systems. 


Photoluminescence  spectra 

Figure  16  and  17  show  the  PL  and  PEE  spectra  of  step  I  sample  and  step 
Il-sample  A.  The  emission  peaks  of  these  two  samples  are  around  540nm.  Band  gap 
can  be  found  by  the  cross  point  of  PL  and  PEE  spectra.  For  step  I  sample,  the  band 
gap  is  2.62eV;  for  step  II  -sample  A,  the  band  gap  is  2.58eV. 


Bandgap  =  2.62 


Bandgap  =  2.58 


Figure  16: 

PL  and  PLe  spectra  of  MWCNT-g-P3HT 
(2.  Inm) 


Figure  17: 

PL  and  PLe  spectra  of  MWCNT-g-P3HT 
(3.6nm) 


Resistivity  measurements 

The  resistivity  of  polymer-g-MWCNT  will  be  measured  via  the  following 
method.  The  polymer-g-MWCNT/PS  was  prepared  as  a  film  between  two  ITO 
electrodes  and  the  resistivity  was  measured  by  Keithley  2400  source  meter.  Extra 
pressure  is  used  to  avoid  air  voids  between  sample  and  electrodes.  Figure  19  is  the 
chart  of  different  pressure  versus  resistivity  for  lOOnm  PS  thin  film.  Because  of  air 
voids,  the  resistivity  is  much  higher  than  the  resistivity  of  PS  (lO'^-lO'®  Q-cm)  when 
the  extra  pressure  is  lower  than  1 600  Pa.  When  the  extra  pressure  is  larger  than  1 600 
Pa,  the  resistivity  become  saturated  and  approaches  to  the  exact  resistivity  of  PS. 
From  this  result,  we  can  find  that  the  air  voids  will  be  avoided  when  the  extra  pressure 
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is  higher  than  1600  Pa. 

By  means  of  this  method,  the  resistivity  of  different  MWCNT-g-polymer  weight 
fraction  can  be  measured  and  the  resistivity  of  MWCNT-g-polymer  material  will  be 
estimated  by  percolation  theory.  Figure  20  is  the  resistivity  of  MWCNT-PS  with 
different  weight  fraetion.  By  the  pereolation  theory  '  , 

P composites  Pc  (f  ~  fc) 

Pcomposites  is  the  resistivity  of  eomposites  for  different  weight  fraetion,  pc  is  the 
resistivity  of  MWCNT-g-polymer  material,  /  is  the  weight  fraetion,  fc  is  the 
pereolation  threshold  and  Ms  a  eonstant.  For  the  MWCNT-PS/PS  system,  and  t  are 
0.05%  and  2.7  respeetively,  and  the  pc  whieh  is  ealeulated  from  pereolation  theory  is 
about  2x10^  (Q-em).  The  eontaet  resistanee.  Re,  between  neighboring  nanotubes 
along  the  pereolated  eondueting  path  was  presented  by  Li  et  al}^  The  equation  is 
given  by: 

R  =  Rc  -\-  Lx6000(kQ/pm) 

whieh  L  is  the  nanotube  length  meaning  the  length  from  one  eontaet  point  to  another 
one,  and  the  resistivity  along  MWCNT  eould  be  obtained  from  the  result  found  by 
Foygel  et  al..  For  MWCNT-PS  system  the  eontaet  resistanee.  Re,  is  about  2.12x10^^ 
(Q-em)  and  the  eontaet  resistanee  is  eontributed  from  PS  thin  film  whieh  is  eoated  on 
MWCNT.  The  thin  film  resistivity  will  be  measured  by  deviee  method  to  eompare 
with  the  resistivity  of  PS  thin  film  on  MWCNT  and  the  thiekness  effeet  of  resistivity 
will  also  be  studied.  In  the  future,  the  resistivity  of  MWCNT-P3HT  and 
MWCNT-MEHPPV  system  will  be  measured  and  diseussed  about  the  divergenee  of 
resistivity  for  different  material. 
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Figure  18:  Strueture  of  the  deviee 
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Figure  20:  Resistivity  of  MWCNT-PS/PS 


Conclusions 

The  novel  materials,  eonjugated  polymer/MWCNTs  (MWCNT-g-P3HT  and 
MWCNT-g-MEHPPV),  were  synthesized  by  ehemieal  funetionalization  method. 
From  TEM  observation  and  TGA  estimation,  the  polymer  eoating  thiekness  ean  be 
well  eontrolled  via  tuning  the  reaetion  eonditions.  By  means  of  pereolation  theory  and 
the  equation  presented  by  Li  et  al,  the  eontaet  resistivity  of  MWCNT-g-polymer 
material  ean  be  measured.  This  eontaet  resistivity  is  eontributed  by  the  polymer  thin 
film  on  MWCNT.  In  the  future,  the  resistivity  of  pure  polymer  thin  film  will  be 
measured  by  deviee  method  to  eompare  with  the  resistivity  of  polymer  film  on 
MWCNT.  The  resistivity  of  different  polymer  system  and  different  eoating  thiekness 
will  also  be  measured  to  study  for  the  material  and  thiekness  effeet. 
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Chapter  7:  Nano-Mechanical  Interactions  between  Single- Walled 
Carbon  Nanotubes  (CNTs)  and  Entangled  Glassy  Polymer  Chains 


Part  A.  Single-Walled  Carbon  CNTs  Nanocomposites 

Abstract 

Single-walled  carbon  nanotubes  (SWCNTs)  were  grafting-functionalized  with 
polystyrene  macromolecules  and  blended  into  two  model  polymers:  polystyrene  (PS, 
a  loose  entanglement  chain  network)  and  poly  (phenylene  oxide)  (PPO,  a  tight 
entanglement  chain  network).  Although  the  functionalized  SWCNTs  were  drawn  into 
the  deformation  zones  upon  imposing  external  deformation,  the  mechanical 
interactions  in  the  length  scales  of  chain  entanglements  are  qualitatively  different 
during  the  ductile  (shear  yielding,  in  PPO  matrix)  or  brittle  (crazing,  in  PS  matrix) 
nanoplastic  process.  In  the  dense  entangled  chain  system  of  PPO,  the  SWCNTs 
interacted  with  the  plastic  flow  by  significantly  limiting  the  extensibility  of  the 
entanglement  network  while  being  drawn  into  the  shear  deformation  zones  (SDZs). 
This  eventually  had  led  to  embrittlement  of  the  nanocomposite  materials.  In  contrast, 
the  SWCNTs  drawn  into  the  crazes  in  the  loose  entanglement  system  of  PS  had 
shown  no  effects  on  the  extensibility  of  the  entangled  chains,  behaving  as  if  they  are 
phatom  participatants  to  the  deformation.  The  observations  shed  important  light  on 
the  fundamental  behavior  of  glassy  polymer  chain  during  plastic  flow  and  illustrate 
fundamental  characteristics  of  the  mechanical  interactions  between  glassy  polymer 
chains  and  the  finely  dispersed  SWCNTs  in  this  type  of  nanocomposites. 

Introduction 

It  is  well-known  that  glassy  polymers  under  an  external  stress  would  yield, 
undergo  plastic  flows,  and  develop  plastic  deformation  zones  before  their  ultimate 
fractures.''*®  Crazes  and  shear  deformation  zones  (SDZs)  are  the  local  plastic 
deformation  zones,  precursors  of  brittle  and  ductile  polymers,  respectively.  Crazes  are 
crack-like  defects  that  are  bridged  by  many  fine  fibrils  (diameters  6~20  nm)  between 
the  two  surfaces  and  embedded  in  voids.  The  fibrils  are  drawn  from  the 
strain-softened  polymer  bulk  at  a  constant  value  of  fibril  extension  ration  Zcraze 
(-400%  for  polystyrene)  that  are  load-bearing.'"'^  Yang  et  abused  the  atomic  force 

7  8 

microscopy  method  and  discovered  that  crazes  produced  by  micronecking  process. 
However,  if  the  micronecking  mechanism  can  be  suppressed,  the  superplastic 

o 

behavior  occurred,  the  brittle  film  become  very  tough  material.  Shear  deformation 
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zones  (SDZs)  are  not  fibrillated  as  in  a  eraze  but  eonsists  of  polymer  drawn  to  a 
uniform  extension  ration  Zsdz  (-200%  for  poly  (phenylene  oxide)).  No  voids  and 
fibrils  strueture  observed  in  SDZs/"^'^^  The  oeeurrenee  of  erazes  or  SDZs  depends  on 
the  entanglement  density  (ve)  of  the  load-stretehed  polymer  network. 

The  strong  interest  in  polymer  eomposite  materials  based  on  earbon  nanotubes 
(CNTs)  dispersed  stems  from  their  extraordinary  meehanieal,  eleetrieal,  and  thermal 
properties.  However,  to  date  in  most  ease,  the  earbon  nanotube  reinforeed  polymer 
eomposites  their  modulus  and  strength  have  shown  only  least  2  orders  of  magnitude 
lower  than  the  theoretieally  predieted  by  eomposite  theory. Whieh  strongly  depends 
on  the  moleeular  level  interaetion  between  CNTs  and  polymer  ehains.  Therefore,  to 
unveil  the  load-bearing  status  of  the  CNTs  with  polymer  ehain  in  eomposites  is  a 
major  work  present-day,  whieh  provides  the  opportunity  of  the  funetion  optimization 
for  CNTs  in  eomposites. 

Previously,  the  interaetion  between  the  nanoplastie  flow  and  the  uniformly 
dispered  surfaee-grafted  multiwalled  earbon  nanotubes  (MWCNTs)  during 
mieroneeking  proeess  (nanoplastie  flows)  was  explored  in  two  model  polymer 
systems,  polystyrene  (PS)  and  poly  (phenylene  oxide)  (PPO),  representing 
respeetively  brittle  and  duetile  polymer.  The  results  revealed  that  stretehed  the 
glassy  polymer  of  low  entanglement  density  (in  PS  system),  in  whieh  movement  seale 
the  polymer  ehains  only  slipped  MWCNTs.  Between  polymer  ehains  and  earbon 
nanotubes  has  no  meehanieal  forees  eonneetion.  Therefore,  the  mieroneeking  proeess 
in  these  glassy  polymer  ehains  was  not  altered  by  MWCNTs.  On  the  eontrary,  in  a 
duetile  polymer  with  high  entanglement  density  system  (in  PPO  system),  between 
earbon  nanotubes  and  polymer  ehains  have  strongly  nanomeehanieal  interaetion, 
during  mieroneeking  proeess.  Consequently  lead  to  the  eompetition  between  earbon 
nanotubes  loeal  bending  and  loeal  debonding,  and  shows  different  hardened  behavior. 

Consistent  with  MWCNTs,  Single-walled  earbon  nanotubes  (SWCNTs)  also  show 
extremely  high  tensile  modulus  (~lTPa)  and  high  fraeture  strains  (estimated  to  be 
10-30%).^^"^^  Nevertheless,  SWCNTs  has  a  lager  aspeet  ratio  than  MWCNTs  in  a 
same  length,  beeause  of  the  diameter  of  SWCNT  was  only  1  to  2  nm,  whieh  very 
elose  to  the  diameter  of  the  eonfming  tube  for  a  single  polymer  ehain  (Dchain  =  0.94nm 
for  a  PS  ehain).  In  this  study,  further  investigation  of  the  interaetion  between  the 
surfaee-modified  single-walled  earbon  nanotubes  and  glassy  polymer  ehains  during 
the  nanoplastie  flows  of  erazing  or  shear  yielding  in  nanoeomposites.  On  the  other 
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hand,  the  effect  of  polymer  entanglement  density  (ve)  was  also  explored  in  PS/PPO 
blend  nanocomposites. 

Experimental  Section 

Monodisperse  PS  of  molecular  weight  (Mw)  of  2000k  g/mol.  (Pressure  Chemical 
Co.,  U.S.A.)  and  PPO  polymer  with  Mw  =  244k  g/mol.  (Aldrich  Chemical  Co.)  were 
used  as-received.  The  SWCNTs  (AETC  Co.,  Taiwan)  purified  to  >95%  and  average 
outer  diameter  around  1-3  nm  and  a  length  in  the  range  of  10-20pm. 

Synthesis  of  Surface-grafted  SWCNTs 

The  method  used  here  for  preparing  the  surface  grafted  SWCNTs  with  long  PS  chains 
(PS-g-SWCNTs)  was  carried  out  with  three  successive  steps.  First,  SWCNTs  were 
surface-treated  to  anchor  carboxylic  acid  groups  onto  the  external  tube  surfaces 
(SWCNTs-COOH).  Esterification  of  the  carboxylic  acid  groups  was  then  carried  out 
by  reactions  with  4-vinylbenzyl  chloride  to  produce  -COOR  groups  grafting  on  the 
tube  surfaces  (SWCNTs-COOR).  Finally,  polymerization  of  the  styrene  monomers 
with  SWCNTs-COOR  grew  PS  chains  on  SWCNTs.  The  free  polymers  (unbounded 
polymers)  were  removed  by  a  series  of  solvent  washes.  The  average  molecular  weight 
of  the  grafted  PS  in  PS-SWCNTs  was  measured  to  be  around  38k  g/mol 
(polydisperity=2.2)  from  gel  permeation  chromatography  after  the  defunctionalization 
process.^^  The  weight  fraction  of  grafted  PS  on  the  SWCNT  was  determined  from 
thermogravimetric  analysis  (TGA),  to  be  approximately  61  wt%.  The  average  length 
of  PS-g-SWCNTs  is  around  2-5  pm.  Figure  la  shows  a  TEM  image  of  the 
surface-grafted  SWCNTs  with  PS.  The  surfaces  of  SWCNTs  are  covered  by 
amorphous  materials,  which  attributed  to  the  attached  PS  chains.  However,  due  to  the 
large  van  der  Waals  force  stemming  from  large  surface  areas,  the  SWCNTs  often 
forms  bundles  even  after  surface  modification.  In  this  study  the  diameter  of  the 
surface-grafted  SWCNT  bundles  range  from  2  to  5  nm. 

Preparation  of  Nanocomposite  Thin  Films 

To  fabricate  free-standing  composite  films  onto  a  supporting  copper  grid  for 
mechanical  experiments,  ’  ’  ’  '  the  grafted  SWCNTs  were  then  mixed  with  the  neat 
PS  (or  PPO,  or  PPO-PS  blends)  in  toluene  and  spincoated  on  clean  glass  slides  from 
the  solution  with  film  thickness  controlled  approximately  0.5  pm  (tq).  The  weight 
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fraction  (co)  of  SWCNT  in  composite  films  were  from  0  to  15  wt%  (equal  to  0 
~11.7%  in  volume  fraction).  Before  the  mechanical  testing,  aging  at  120°C  for  Ih 
was  routinely  carried  out  for  SWCNTs/PPO,  PPO-PS  and  SWCNT/PPO-PS  blend 
films  to  enhance  the  strain  localization  required  for  growing  DZs.*"*''^ 

Microdeformation  Zones  Characterization 

Microdeformation  zones  (crazes  and  SDZs)  are  studied  by  copper  grid  technique  and 
reported  elsewhere.  ’  ’  '  The  applied  strain  rate  was  restricted  about  2x10"  /s.  To 
characterize  the  depth  and  width  of  deformation  zones,  the  stretched  samples  were 
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then  examined  under  an  AFM  (Digital  Instrumental,  Nanoscope  Ilia).  '  ’  '  The 
AFM  topographic  data  were  used  to  calculate  the  local  stress  and  strain  information  in 
the  deformation  zones.  '  ’  '  A  transmission  electron  microscope  (TEM,  JOEL 
JEM-2010,  with  acceleration  voltage  of  200  KeV.)  was  used  to  obtain  images  of  SDZs 
or  crazes  of  the  stretched  samples,  which  were  cut  a  section  from  the  copper  grid. 
4-5,7,18  widening  velocities  of  SDZs  or  crazes  were  obtain  from  the  images  of  the 
deformation  zones  growing  that  was  recorded  by  a  video  camera  attached  to  an  optical 
microscope.^® 

Results 

Stretching  entangled  glassy  polymer  under  external  stress,  the  localization  of 
strain  is  induced  by  intrinsic  strain  softening  and  evolved  into  nanoplastic  flow  of 
crazing  or  shear  yielding,  which  depends  on  the  entanglement  density  Vg.  Specifically, 
in  a  loose  polymer  network  with  Ve<  4x10^^  chains/m^  undergo  craze  deformation, 
leading  to  brittle  failure.  On  the  contrary,  for  a  tight  polymer  network  with  Ve  >  8x  10^^ 
chains/m^  shear  deformation  zone  prevails,  while  both  craze  and  shear  yielding 
coexist  in  the  regime  of  4x  10^^<  Ve  <8x10^^. 

Effects  on  Morphology  and  Chain  Friction  in  Crazes 

In  the  pristine  PS  films  (of  Mw  =  2M  g/mol.  ,  Ve=  3.3x10^^)  is  a  classic  loose  chain 
network,  which  undergo  craze  deformation  at  room  temperature.  The  crazes  initiated 
at  approximation  1%  strain  (e)  and  the  crazes  were  generally  straight,  craze  depth  d 
increased  linearly  with  craze  width  w  until  the  width  reached  a  critical  value  Wc  (for 
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0.5pm  thick  PS,  Wc  ~2.5pm)  above  which  the  craze  necking  becomes  mature.  '  ’ 

The  local  fibril  breakdowns  within  the  craze  at  strain  increased  to  approximately  8% 
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and  maximum  width  of  crazes  could  reach  approximately  20  pm  (Figure  2a).*^'^°It  is 
know  that  the  mechanism  of  craze  failure  is  due  to  the  existence  of  coneentrating 
stress  at  intrinsic  weak  site  and  lead  to  fibrils  breakdown  within  the  craze.  The  fibril 
breakdown  in  PS  crazes  always  initiated  at  the  craze-bulk  polymer  interface.^  From 
the  TEM  observe  (Figure  lb)  within  the  craze  in  pristine  PS  film,  clearly  shows  that 
fibrils  and  voids  are  existence  inside  craze. 

The  morphology  of  the  SWCNTs/PS  composites  with  different  SWCNTs  content 
(co),  CoS  from  2  to  15  wt%  were  show  quite  different  with  pure  PS.  In  contrast,  the 
crazes  were  generally  narrow  and  short  in  the  SWCNTs/PS  films  (Figure  2  parts  b  to 
e).  On  the  other  hand,  the  number  of  local  deformation  zone  gradually  increased  with 
Co  and  only  very  local  breakdowns  were  observed  at  strains  greater  than  20%.  From 
AFM  craze  topography,  in  SWCNTs/PS  films  the  craze  depth  d  increased  linearly 
with  craze  width  w,  and  reached  Wc  the  depression  becomes  leveling  (ds).  The  leveling 
depth  ds  is  related  to  fibril  draw  ratio  (A-craze)  in  craze.^'^’^''^  It  was  found  to  follow 
almost  the  same  d  versus  w  curve  of  the  pristine  PS  (Figure  3a).  These  results  strongly 
indicated  that  the  incorporation  of  the  SWCNTs  in  the  nanoplastic  flow  the 
micronecking  characteristic  was  not  influenced  by  the  presence  of  SWCNTs  (Figure 
3a  inset),  which  corresponding  to  the  extensibility  of  fibril  was  no  changed.  However, 
embrittlement  occurs  at  co>  20  wt%  (Figure  2f ). 


Figure  1.  TEM  micrographs  of  (a)  SWCNTs-grafted  PS,  (b)  craze  microstructure,  (c) 
a  eraze  tip  in  SWCNTs/PS  films  (co=15wt%),  (d)  and  (e)  wider  crazes  in  SWCNTs/PS 
films  (co=15wt%). 
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From  the  TEM  observed  of  embedded  SWCNTs  in  PS  (Figure  1  parts  c  to  e,  C(j= 
15wt.%).  Figure  Ic  shows  a  TEM  micrograph  of  craze  tip  penetrates  through  the 
SWCNTs,  and  which  seem  no  effect  on  the  growth  of  the  craze.  This  phenomenon  is 
due  to  that  the  SWCNTs  can  strain  elastically  in  the  narrow  crazes  (w>0.6|Jm),  which 
was  also  observed  in  the  MWCNTs/PS  composites.  Within  the  wider  crazes  (Figure 
Id  and  e  )  the  SWCNTs  were  found  to  draw  into  the  crazes.  On  the  other  hand,  it  also 
shows  that  the  SWCNTs  are  very  flexible  they  can  be  buckled  inside  the  crazes.  The 
AFM  topography  (Figure  3b)  of  the  mildly  etched  craze  by  oxygen  plasma, it  did 
not  show  any  protrusions  at  the  craze  boundaries.  Clearly,  the  SWCNTs  were  not 
pileup  at  the  boundaries  of  the  craze.  This  result  was  consistent  with  the  TEM 
observation,  SWCNTs  can  be  drawn  by  the  nanoplastic  flow  into  the  craze. 


Figure  2.  Optical  micrograph  of  stretched  (a)  pristine  PS  films  and  SWCNTs/PS 
composite  film  (b)  co=  2  wt%,  (c)  co=  5  wt%,  (d)  co=l  wt%,  (e)  co  =  1 5  wt%,  (f)  co  = 
20  wt% 

The  chain  friction  coefficient  (^t)  of  the  nanoplasitc  flow  in  deformation  zones 
can  be  estimated  by  using  a  Rouse  chains  model.^®  For  a  constant  force  (/)  applied  to  a 
polymer  chain  and  pulled  it  with  constant  sliding  velocity  (v)  during  the  nanoplastic 
flow  process.  The  total  frictional  coefficient  relation  force  and  velocity  can  be 
described  asf=v  The  pulling  force  /  can  be  determined  from  the  drawing 
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stress  during  crazing  and  the  cross-sectional  area  of  the  confining  tube  of  single 
polymer  chain?®  On  the  other  hand,  the  chain  sliding  velocity  was  calculated  from  the 
craze  widening  speed?®  Figure  3c  shows  the  chain  sliding  velocities  during  the 
nanoplastic  flow  process  in  pristine  PS  and  SWCNTs/PS  films,  the  y’s  were  decreases 
slightly  with  craze  winding  until  it  levels  (05)  as  w  reached  the  critical  width  Wc.  The 
decrease  of  v  apparently  is  due  to  strain  hardening  during  the  micronecking.  However, 
the  chain  sliding  velocities  at  steadily  state  in  both  pristine  PS  and  SWCNTs/PS  films 
were  almost  constant  (~  6000  nm/s). 

The  chain  friction  coefficient  of  the  nanoplastic  flow  in  pristine  PS  was 
increased  with  craze  width  and  in  the  stead-state  necking  regime  (w  >  was 
calculated  to  be  =  1-1  kg/s  (Figure  3d).  The  incorporation  of  SWCNTs  in  the 
nanoplastic  flow,  the  chain  friction  coefficient  was  found  to  gradually  increase  with 
Co.  The  addition  of  the  SWCNTs  15  wt  %  in  PS  had  raised  the  chain  friction  to  = 
6.9x10'^  kg/s.  However,  increased  the  chain  friction  coefficient  will  restricted  the 
widening  of  existing  crazes  and  forcing  other  regions  produce  new  crazes  to  absorb 
the  applied  strain  which  toughened  the  SWCNTs/PS  films  (Figure  2  parts,  a  to  e). 
Nevertheless,  when  SWCNTs  content  increase  to  above  20  wt%  the  craze  initiation 
would  eventually  be  suppressed  and  embrittlement  occurred. 
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Figure  3.  (a)  Craze  depth  d  vs  eraze  width  w  in  the  PS  and  SWCNT/PS  films. 
Inset:  The  Leveling  depression  depth  vs  Co,  (b)  AFM  mierograph  of  stretehed  and 
etehed  SWNTs/PS  film  (co=15wt%),  (e)  the  tube  sliding  veloeity  of  a  PS  ehain  versus 
eraze  width  in  pristine  PS  and  SWCNT/PS  films,  and  (d)  the  frietion  eoeffieient  of  a 
PS  ehain  versus  eraze  width  in  pristine  PS  and  SWCNT/PS  films. 

Effects  on  Morphology  and  Chain  Friction  in  SDZs 

The  PPO  has  a  tighter  entanglement  network  (ve=  1.5x10^^)  eompared  to  the  PS.  In 
pristine  PPO  film  shows  that  the  SDZs  initiated  at  approximately  e  =  2%,  generally 
straight  and  broke  down  to  from  void  for  e  up  to  13%.  Before  eraek  the  maximum 
width  of  SDZs  eould  reaeh  approximately  40  pm  (Figure  4a).  Figure  4d  shows  a  TEM 
mierograph  of  SDZ,  the  SDZ  was  different  from  erazes,  smoothly  and  no  voids  as 
well  as  fibrils  strueture  eould  be  observed  in  SDZ.  However,  shear  yielding  is  also  a 
mieroneeking  proeess.^^’^^ 


Figure  4.  Optieal  mierograph  of  stretehed  (a)  pristine  PPO  films,  SWCNTs/PPO 
eomposite  film  (b)  co=  2  wt%,  (e)  co=  5  wt%.  and  (d)  TEM  mierograph  of  SDZ  in 
PPO  film,  (e)  and  (f)  TEM  mierographs  of  SDZ  in  SWCNT/PPO  film  (co=2wt%). 
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Incorporation  SWCNTs  into  PPO  matrix,  however  the  morphology  of  SDZs  was 
quite  different  as  pristine  PPO  film.  The  SDZs  become  more  short  and  narrow  (w  < 
15pm)  for  Co=2  wt%  (Figure  4b)  and  the  film  undamaged  for  strain  up  to  16%.  On  the 
other  hand,  similar  to  the  SWCNTs/PS  system,  the  SWCNTs  were  can  be  drawn  into 
the  SDZs  via  plastic  flow  process  (Figure  4e  and  4f,  Co=2  wt%).  Nevertheless,  a  quite 
different  to  that  observed  in  MWCNTs/PPO  system,^®  no  local  debonding  could  be 
observed  at  the  interfaces  between  the  SWCNTs  and  polymer  matrix.  This  result  was 
due  to  that  the  SWCNTs  have  a  small  bending  moment  compared  with  MWCNTs, 
thus  the  deformation  between  SWCNTs  and  polymer  chain  become  more  identical 
during  the  plastic  flow.  Figure  5a  shows  the  SDZs  depth  d  versus  w  curve  of  the 
pristine  PPO  and  SWCNTs/PPO  nanocomposties.  In  both  systems  the  SDZs  depth  d 
also  increased  linearly  with  craze  width  w,  and  reached  Wc  the  depression  becomes 
leveling  (ds),  but  the  slopes  are  show  different.  These  results  were  due  to  that 
embedded  of  SWCNTs  in  the  nanoplastic  flow  of  SDZs  could  be  accelerated  strain 
hardening  of  the  flow.  In  addition,  the  leveling  depression  ds  decreased  as  co  increased 
(Figure  5a  and  inset).  The  leveling  depth  ds  is  related  to  the  draw  ratio  of  plastic  flow 
(^SDz)  in  SDZs,  Zsdz  ~  xo/(xo-2r/s)- ^  The  decrease  of  (dg/zo)  from  0.25±0.03  to 
0.1 1  ±0.01  for  pristine  PPO  film  to  co=5wt%,  according  to  Zsdz  decrease  from  200±28 
%  to  128±3  %.  However,  these  results  strongly  suggest  that  the  SWCNTs  not  only 
can  affect  the  micronecking  process  but  reduced  extensibility  of  the  entanglement 
network  of  the  PPO  matrix.  Embrittlement  occurred  at  e  =  6%  as  the  SWCNTs 
content  increase  to  5  wt%  (Figure  4c). 

Both  in  pristine  PPO  and  SWCNTs/PPO  systems,  the  tube  sliding  velocities  (o’s) 
measured  from  the  SDZs  widening,  and  show  in  Figure  5b.  The  o’s  in  both  systems 
were  show  slowly  decrease  with  w  and  leveling  at  w  >  Wc,  they  were  almost  constant 
(-1200  nm/s).  On  the  other  hand,  the  chain  friction  coefficient  in  plastic  flow  was 
also  estimated  by  use  of  the  Ruse  chains  model.  For  pristine  PPO  films,  the  chain 
friction  coefficient  in  the  steady-state  necking  region  was  calculated  to  be  =  4.3 
xlO'^  kg/s  (Figure  5c).  The  addition  of  the  SWCNTs  in  PPO  had  gradually  raised  the 
chain  friction  with  co,  the  =  6.7x10'^  kg/s  was  obtained  in  SWCNTs/PPO  with 
co=5wt  %.  However,  these  phenomena  are  quite  similar  to  SWCNTs/PS  systems. 

Effect  of  Polymer  Entanglement  Density  Ve 

It  is  well  know  that  the  entanglement  density  (ve)  can  significantly  affect  polymer 


V. 


106 


mechanical  behavior,  Ve  can  be  defined  as: 

(1) 

wherepis  the  density  of  the  polymer,  Na  is  the  Avogadro  number  and  Me  is  the 
molecular  weight  between  entanglements.^’^’^^  In  the  PPO-PS  blend  systems,  the 
molecular  weight  between  entanglements  Me  (x)  depends  on  the  Me  of  PS  (-17,000 
g/mol.)  and  the  fraction  (x)  of  the  PPO  in  blend: 
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Figure  5.  (a)  SDZ  depth  d  vs  eraze  width  w  in  the  PPO  and  SWCNT/PPO  films.  Inset: 
The  Leveling  depression  depth  vs  Co,  (b)  the  tube  sliding  veloeity  of  a  PPO  ehain 
versus  eraze  width  in  pristine  PPO  and  SWCNT/PPO  films,  and  (e)  the  frietion 
eoeffieient  of  a  PPO  ehain  versus  eraze  width  in  pristine  PS  and  SWCNT/PPO  films. 


Therefore,  the  entanglement  density  of  PPO-PS  blends  ean  be  altered  by  ehange  the 
blending  ratio  between  PPO  and  PS  (Figure  6d).  In  figure  6a  shows  that  deformation 
zone  depth  d  varied  with  deformation  width  w  in  the  pristine  PPO,  PS  and  PPO-PS 
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blends  (ve  fonn  1.5x10^^  chains/m^  for  pure  PPO  to  3.3x10^^  chains/m^  for  pure  PS). 

A  typical  micronecking  characteristic  was  observed  in  all  films,  the  deformation  zone 
depth  increased  linearly  with  w  (w  <  Wc)  and  d  become  leveling  off  when  w  >  w^. 
However,  the  leveling  depression  ds  have  larger  fluctuation  in  the  PPO  containing 
40wt  %  and  60wt  %  of  PPO-PS  blends.  Form  the  TEM  observation,  in  these  blends 
region  crazes  and  SDZs  are  coexisting  in  films  (Figure  6d  inset).  Incorporation  of 
SWCNTs  (co=2  wt  %)  in  PPO-PS  blends,  d  also  increased  with  w  when  w  <  Wc  and 
saturated  in  the  stead-state  necking  regime  (Figure  6b).  However,  the  leveling 
depression  ds  are  dramatically  different  between  the  neat  PPO-PS  and  SWCNTs/ 

PPO-PS  blends  in  high  entanglement  density  regions  (ve  >8.07x10^^  chains/m^,  % 

>0.4).  The  leveling  depression  versus  weight  fraction  of  PPO  (x)  show  in  Figure  6c. 

In  the  neat  PPO-PS  blends,  the  ds  were  decreased  as  x  increased.  When  %=0.2  only 

crazing  shown  in  blends,  %  between  0.4  and  0.6  the  crazing  and  shear  yielding 

coexisted.  When  x=0.8  only  shear  yielding  was  observed  in  blends.  This  is  a  typical 

craze-SDZ  transition  curve.^’^  In  the  SWCNT/PPO-PS  blends  (co=2wt%),  at  low 

entanglement  density  Ve  samples  (Ve<6xl0^^,  X=0.2)  the  leveling  depression  almost 

the  same  trend  as  in  neat  PPO-PS  blends.  However,  the  ds  are  dramatically  different 
between  the  neat  PPO-PS  and  SWCNTs/  PPO-PS  in  high  entanglement  density  blends 

(X=0.4).  The  upper  and  lower  limit  of  ds  in  PPO-PS  blend  (with  x^O.4)  are  0.345  and 

0.306  respectively,  that  dramatically  reduced  to  0.315  and  0.251,  for  co=2wt%.  On  the 
other  hand,  in  the  PPO-PS  blend  with  x=0.6  and  Co=2wt%,  the  crazing  can  be 
suppressed  by  addition  the  SWCNTs,  only  SDZs  can  be  observed  in  composite  film. 
These  results  reveal  that  the  SWCNTs  affect  extensibility  of  the  entanglement 
network  strongly  depends  on  the  entanglement  density  Ve  of  polymer  matrix. 
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Figure  6.  (a)  SD  depth  d  vs  SD  width  w  in  the  PPO-PS  blends,  (b)  in  the 
SWCNT/PPO-PS  blends  (co=2wt%),  (c)  Leveling  depression  depth  as  function  of 
PPO  in  PPO-PS  and  SWCNT/PPO-PS  blends,  and  (d)  Entanglement  density  and 
Hardening  strain  as  function  of  PPO  in  PPO-PS. 


Figure  7.  Bending  moment  vs  entanglement  spacing  de. 

Discussions 

Plastic  Flow  Induced  SWCNT  Bending 

The  glassy  polymer  chains  in  the  nanoplastic  flow  of  crazing  or  shear  yielding  were 
able  to  pull  the  SWCNTs  into  the  local  deformation  zones.  However,  in  plastic  flow 
of  crazing,  the  draw  ratio  of  the  entanglement  chain  network  and  the  micronecking 
characteristic  were  not  altered  by  SWCNTs.  In  contrast,  the  SWCNTs  within  the 
shear  deformation  zones  (SDZs)  considerably  limited  the  PPO  chains  extension 
during  the  nanoplastic  flow  process  and  altered  the  micronecking  characteristic. 
Actually,  the  draw  ratio  of  plastic  flow  was  strongly  depending  on  the  effective 
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entanglement  density  (veff)  of  polymer  matrix.  Therefore,  the  draw  ratio  of  plastic 
flow  was  reduced  by  SWCNTs  also  can  associate  with  that  the  Vefr  was  increased  by 
incorporated  SWCNTs.  During  the  plastic  flow  process,  the  shear  force  should  trigger 
the  SWCNTs  readily  bend  under  flow,  and  eventually  the  SWCNTs  were  aligned  to 
the  flow  direction.  However,  the  Veff  can  be  affected  by  the  bend  situation  of  SWCNTs 
which  depending  strongly  on  the  geometry  of  flows  and  SWCNTs.  The 
microstructure  of  a  craze  in  a  polymer  films  (films  thickness  >  the  order  of  10^  nm) 
can  be  described  as  a  three-dimensional  fibrils  structure  with  voids  between 
fibrils.  ’  “  ’  Accordingly,  the  SWCNT  must  entail  significant  modification  when  it 
was  drawn  into  the  craze.  This  modification  could  occur  by  plastic  flow  induced  the 
SWCNT  bending. 

The  flow  induced  deformation  of  single  fibers  with  high  aspect  ratio  in  simple  shear 
flow  has  been  theoretically  and  experimentally  studied.^"*'^’  They  were  show  that  the 
bending  situation  of  fibers  in  shear  flow  strongly  depends  on  the  flow  properties  as 
well  as  geometry  of  suspending  fibers.  Here  the  entangled  plastic  flow  induce 
SWCNTs  bending,  we  can  consider  that  the  SWCNTs  directly  interact  with  polymer 
network  during  the  plastic  flow.  Which  are  similar  to  the  SWCNTs  interact  with  high 
porosity  membrane.^^  Therefore,  the  bending  moment  of  SWCNT  in  plastic  flow  can 
be  calculated  by  the  bending  beam  supported  on  both  ends  model 

Mb=FL/8  =  rAL/8  (3) 

Where  F  is  the  bending  force  by  plastic  flow,  x  is  the  steadily  state  necking  stress  of 
plastic  flow  (x=  94  MPa  for  PS,  x=  33  MPa  for  PPO),  L  is  the  suspended  length  (may 
correspond  to  mesh  size  of  polymer  network  d^),  A  is  the  cross-sectional  area.  From 
the  theoretical  calculated  by  eq.  3,  figure  7a  shows  that  bending  moment  versus  the 
suspended  length  of  SWCNTs  in  plastic  flows.  In  both  systems,  if  we  consider  the 
suspended  length  depend  only  on  the  mesh  size  of  polymer  network  and  no  changed 
during  the  plastic  flow  process  (Je  =  9.6  nm  for  PS  and  dg  =  4.7  nm  for  PPO).  The  Mb 
in  PS  and  PPO  systems  can  calculated  to  be  0.17  and  0.14  nN-nm,  respectively.  It  is 
smaller  than  the  kink  moment  of  SWCNT  (~  13  nN-nm)."*®'"**  On  the  other  hand,  the 
critical  bending  buckling  curvature  k  of  SWCNT  under  bending  deformation  varies  as 
inverse  square  of  the  tube  radius  and  can  be  calculated  as:  "*"* 

VxTTy  (4) 

Where  t  is  the  effeetive  wall  thiekness  of  the  tube  (varies  from  0.04  to  0.07  nm 
depends  on  the  inter-atomie  potential  and  simulation  details)"^^""^^,  v  is  the  Poisson  ratio 
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of  the  tube’s  material  (v  =  0.17-0.19  for  graphite),  r  is  radius  of  SWCNT.  From  eq.  4 
the  k  of  SWCNT  can  estimate  to  be  0.1553  nm''.  Which  corresponding  to  the  diameter 
of  curvature  of  SWCNT  Dcurvature=  2/A:  =  ~13  nm.  This  result  suggests  that  if  mesh 
size  of  polymer  network  >  13nm  during  plastic  flow,  the  SWCNTs  can  pass 
through  the  entanglement  network  mesh  by  buckling. 

Modification  of  Entanglement  Network  during  Plastic  Flow  Process 
During  the  plastic  flow  process,  the  entanglement  networks  were  bore  large  stress  and 
stain  especially  for  nanoplatic  flow  of  craze.  Since  the  generation  of  voids,  necessary 
for  the  formation  of  the  craze  fibril  structure,  must  entail  significant  modification  of 
entanglement  network  (become  an  inhomogeneous  flow).  This  modification  could 
occur  by  chain  scission,  entanglement  slid  or  disentanglement.^  *^’"'^’"'^  For  chain 
scission,  to  break  a  C-C  bond  a  force  of  4nN  is  required  which  correspond  to  a  stress 
acting  on  the  chain  cross-section  of  about  bOPa."*^  However,  for  pristine  PS  films  the 
chain  pulling  force  was  calculated  to  be  0.065nN  corresponding  to  steadily  state 
necking  stress  x=94  MPa,  it  is  not  strong  enough  to  break  the  PS  chain.*^’^®  Thus,  we 
believe  that  the  chain  scission  is  not  a  dominated  mechanism  in  PS  crazing  in  this 
study.  On  the  other  hand,  we  consider  disentanglement  occurred  during  plastic  flow  of 
craze.  However,  the  entanglement  points  average  moved  distance  by  chain 
disentanglement  Da  roughly  equal  to  chain  contour  length  between  entanglements  k 
(40  nm  for  2M  PS  ). 

If  the  entanglement  loss  is  not  a  dominated  mechanism  in  craze  fibrils  and 
molecules  drawn  into  craze  fibrils  just  by  entanglements  sliding.  This  sliding  process 
leads  to  a  change  in  the  number  of  chain  units  between  entanglements.  From  the  TEM 
micrograph  of  fibrils  structure  of  craze  (figure  lb),  the  entanglement  points  average 
move  distance  by  sliding  Dg  was  estimated  to  be  within  the  range  of  2.5  to  5  nm 
(average~3.6  nm,).  The  entanglement  density  Vg  will  increase  inside  the  craze  fibrils, 
which  leads  to  entanglements  friction  jam  (clustering).  The  entanglements  clustering 
constrain  the  molecules  to  be  drawn  continually  into  the  craze  fibrils.  Finally,  the 
cross-tie  fibrils  were  formed  when  the  necking  stress  acting  on  the  chain  is  not  strong 
enough  to  break  it.  Base  on  the  above  discussions,  we  believe  that  the  entanglements 
slide  is  a  high  efficiency  mechanism  during  the  plastic  flow  process.  In  PPO  system 
have  high  Ve,  thus  during  the  plastic  flow  process  the  entanglements  can  not  slide  a 
long  distance,  and  it  is  apt  to  produce  entanglements  clustering  (have  low  hardening 
strain).  Therefore,  no  voids  structure  formation  during  plastic  flow  process,  and 
the  de  of  PPO  can  not  be  higher  than  13nm.  If  SWCNTs  can  not  pass  through  the 
entanglement  meshes  during  plastic  flow  of  SDZs,  which  lead  to  effective 
entanglements  increasing.  Contrarily,  in  PS  systems,  the  fact  that  the  SWCNTs  do  not 
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produce  any  increase  of  effective  entanglements  strongly  indicates  that  CNTs  can 
easily  force  through  the  entanglement  meshes.  By  this,  entanglement  clustering 
should  have  taken  place  during  crazing,  as  evident  from  the  voids  between  fibrils. 
These  results  are  demonstrated  in  the  PPO/PS  blend  systems  too. 

Conclusions 

In  conclusion,  the  surface-grafted  SWCNTs  dispersed  in  a  polymer  matrix 
dramatically  toughen  the  glassy  polymer  by  delocalization  of  plastic  flows.  Unlike  in 
MWCNT  systems,  due  to  the  SWCNT  is  flexible,  in  all  PS-PPO  blends  were  capable 
to  draw  SWCNTs  into  the  deformation  zones.  However,  the  interaction  between  the 
SWCNTs  and  glassy  polymer  chain  during  the  nanoplastic  flow  of  crazing  or  shear 
yielding  in  nanocomposites  was  observed  drastically  different.  SWCNTs  in  a  loose 
entanglement  (PPO-PS  blends  with  x  <  0.2)  the  draw  ratio  of  plastic  flow  were  not 

altered  by  SWCNTs.  In  contrast,  SWCNTs  in  a  tight  network  (x  =0.4)  the  draw  ratio 

of  plastic  flow  were  altered  by  SWCNTs.  However,  these  results  strongly  depend  on 
entanglement  density  of  polymer  matrix.  These  results  also  bear  important 
information  about  the  fundamental  behavior  of  glassy  polymer  chain  interacted  with 
SWCNTs. 
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Chapter  7/  Part  B:  Multi-Walled  CNTs  Nanoscomposites 

Nanoplastic  Flows  of  Glassy  Polymer  Chains  Interacting  with 
Multiwalled  Carbon  Nanotubes  in  Nanocomposites 

(Published  at  Macromolecules  2008,  41,  4978.) 


Abstract 

Interactions  between  glassy  polymer  chains  and  the  uniformly  dispersed  carbon 
nanotubes  (CNTs)  in  nanocomposites  were  investigated  with  surface-grafted 
multiwalled  CNTs  dispersed  in  two  model  polymer  systems,  polystyrene  (PS)  and 
poly(phenylene  oxide)  (PPO),  representing  respectively  brittle  and  ductile  polymers. 
Although  significant  mechanical  reinforcement  in  the  both  systems  was  observed, 
drastically  different  microscopic  interactions,  engendered  from  variations  in  the 
fundamental  behavior  of  entangled  chains,  were  noted  during  the  nanoplastic  flow  of 
crazing  or  shear  yielding  in  the  nanocomposites.  As  revealed  by  a  local  stress  analysis 
based  on  atomic  force  microscopy,  “extensibility”  of  the  entanglement  network 
determines  not  only  the  mode  of  deformation  leading  to  either  crazing  or  shear 
yielding  but  also  how  the  stretched  chains  interact  with  individual  nanotubes.  The 
results  bear  important  implications  on  our  understanding  toward  the  fundamental 
behavior  of  entangled  macromolecules  in  the  glassy  state. 

Introduction 

The  nanocomposites  based  on  well-dispersed  carbon  nano  tubes  (CNTs)  embedded 
in  carefully  selected  polymer  matrices  have  increasingly  attracted  attention  due  to 
their  great  potentials  for  innovative  mechanical,  electrical,  thermal,  and  optoelectronic 
properties.  The  outstanding  advantageous  properties  of  CNTs,  such  as  the  exceedingly 
high  Young’s  modulus’’^  and  conductivities^’"^  and  large  flexibility  limits  and  fracture 
strains,^  and  the  simple  fact  that  they  are  tiny  tubules  with  extremely  high  aspect 
ratios  have  made  CNT  an  ideal  filler  for  most  polymers.  In  this  context,  the 
interactions  between  the  embedded  CNTs  and  the  surrounding  polymer  chains  not 
only  are  very  interesting  in  the  light  of  unveiling  the  fundamental  chain  behavior  of 
the  entangled  macromolecules.  They  however  also  are  of  vital  importance  due  to 
requirement  of  controllable  CNT-polymer  interactions  down  to  the  nanometer  scales 
for  successful  modification  of  the  physical  properties.  Previous  work  on  CNTs  as 
fillers  in  polymers  has  been  focused  primarily  on  the  low-strain  elastic  behavior  and 
cracking  properties.^’^  Little  attentions  had  been  paid  to  the  more  important  plastic 
flows  regime  that  constitutes  the  major  part  of  the  mechanical  performance  before 
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fracture.  The  elastic  modulus  and  breaking  stress  in  polystyrene  (PS)  were  shown  by 
Qian  et  to  increase  significantly  by  the  addition  of  CNTs,  pointing  to  the 

significant  role  of  load  transfer  of  CNTs.  Watts  et  al.^^  also  identified  the  CNT 
pull-out  mechanism  during  cracking,  which  effectively  retarded  the  fracture  in  the 
CNTs-PS  thin  films.  Apparently,  observations  of  the  CNT  effects  on  stress  transfer  or 
failure  processes  strongly  depend  on  the  state  of  CNT  dispersion  and  their  interactions 
with  the  polymer  chains. 


Figure  1.  (a)  a  TEM  micrograph  of  a  craze  in  pristine  PS  film,  (b)  TEM  micrograph 
of  a  shear  deformation  zone  in  pristine  PPO  film,  (c-e)  SEM  micrographs  of  the 
plasma  etched  nanocomposites  showing  good  CNT  dispersion:  (c)  PS  matrix  with  co  = 
2.0  wt  %;  (d)  PS  matrix  with  co=  5.0  wt  %;  (e)  PPO  matrix  with  co  =2.4  wt  %. 

Moreover,  given  the  above-mentioned  reinforcement  effects,  it  is  disappointing  to 
observe  that  the  optimal  CNT  reinforcement  results  were  always  observed  in  the 
regime  of  a  small  CNT  fractions  ('-'1-2  wt  o/^yo43,i8-2o  properties,  like  that 

caused  by  most  other  fillers  beyond  a  percolation  threshold,  fell  off  considerably  for 
higher  CNTs  loadings  (>5  wt  It  indicates  the  necessity  of  more  in-depth 
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investigation  of  the  CNT-polymer  interaetions  over  a  wider  range  of  deformation  that 
ineludes  both  the  elastie  and  plastie  behavior,  it  is  well-known  that  glassy  polymers  develop 
mieroseopie  deformation  zones  of  erazes^^”^^  or  shear  deformation  zones 
(SDZs)  ’  ’  ’  before  fraeture  (Figure  1,  parts  a  and  b).  The  stress-indueed  loeal 
plastie  flow  that  gives  rise  to  the  formation  of  these  mieroseopie  deformation  zones 
triggers  extraordinarily  large  plastie  strains  ('-'200-300%)  within  the  deformation 
zones  and  is  the  basie  moleeular  meehanism  for  yielding  in  most  glassy  polymers. 

The  oeeurrenee  of  erazes  or  SDZs  depends  on  the  entanglement  density  i/q  of  the 

polymer  matrix.  ’  ’  In  addition,  crazing  and  shear  yielding  represent  respectively 

the  precursor  of  brittle  and  ductile  fracture  of  glassy  polymers.  They  are  both 
produeed  by  mieroneeking  indueed  during  the  plastie  flow,  ’  ’  but  the 
mierostruetures  are  quite  different  in  that  erazes  are  eonstrueted  by  intereonneeted 
fibrils  embedded  in  voids  while  SDZs  are  mieroseopieally  thinned  smooth  regions 
(Figure  i)  22,25,28-32,34,36,39  diameters  of  the  eraze  fibrils  are  in  the  range  of  6-20 
nm,  thus  the  loeal  deformations  are  deemed  to  be  nanoplastie  flows.  The  mieroseopie 
reinforeement  meehanisms  of  CNTs  in  glassy  polymers  should  lie  in  the  CNT 
interaetions  with  these  nanoplastie  flows. 

Previously,  the  role  of  multiwalled  CNTs  (MWCNTs)  during  erazing  in  PS-CNTs 
nanoeomposites  was  explored^^’^^  and  strain  deloealization  was  identified  to  be  the 
origin  of  fraeture  toughness  enhaneement.  In  these  nanoeomposites,  most  CNTs  were 
observed  to  be  exeluded  from  erazes.  In  this  study,  more  thorough  investigation  of  the 
interaetions  between  MWCNTs  and  polymer  ehains  was  undertaken  by  further 
examining  the  MWCNTs  reinforeement  in  PS  and  in  the  SDZ-forming 
poly(phenylene  oxide)  (PPO).  The  work  has  led  to  a  more  eomplete  and  eoherent 
seenario  of  the  interaetions  between  CNTs  and  polymer  ehains  that  satisfaetorily 
explains  reinforeement  due  to  CNTs.  The  role  of  entanglement  ehain  network  during 
plastie  flow  in  the  nanoeomposite  was  also  unveiled,  whieh  sheds  important  light  on 
the  fundamental  behavior  of  polymer  ehains  in  the  glassy  state. 

Experimental  Section 

Monodisperse  PS  of  moleeular  weight  (Mw)  2000K  (Pressure  Chemieal  Co.)  and 

PPO  polymer  with  Mw  )  244K  (Aldrieh  Chemieal  Co.)  were  used  as-reeeived.  The 
MWCNTs  (DESUN  Nano  Co.,  Taiwan)  for  this  study,  as  determined  from  TEM 
examinations,  have  an  average  outer  diameter  around  10-35  nm  and  a  length  in  the 
range  of  10-30/im.  The  method  of  preparing  the  surfaee-grafted  MWCNTs  with  long 
PS  ehains  (PS-g'-MWCNTs)  was  reported  elsewhere^^’^^  and  will  not  be 
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re-emphasized  here.  The  average  moleeular  weight  of  the  grafted  PS  in  PS-MWCNTs 
was  measured  to  be  around  60K  (polydisperity  )  2.1)  from  gel  permeation 
ehromatography  after  the  defunetionalization  proeess."^^  As  determined  from 
thermogravimetrie  analysis  (TGA),  the  weight  fraetion  of  PS  in  PS-MWCNTs 
nanoeomposites  is  approximately  60  wt  %.  The  average  length  of  PS-g^-MWCNTs  is 
around  1-3/im. 

The  grafted  MWCNTs  were  then  mixed  with  the  neat  PS  (or  PPO)  in  toluene  from 
whieh  thin  films  (MWCNTs/PS  or  MWCNTs/  PPO)  with  film  thiekness  eontrolled  at 
approximately  0.5/im  were  spineoated  on  elean  glass  slides  from  the  solution.  The 
fraetion  of  the  surfaee-grafted  MWCNTs  in  the  film  (co)  ranges  from  0  to  10  wt  %. 
The  films  were  then  transported  and  bonded  to  a  supporting  eopper  grid  for 
mechanical  experiments.  ’  ’  ’  Before  the  mechanical  testing,  aging  at  120  C  for  1  h 
was  routinely  carried  out  for  MWCNTs/PPO  films  to  enhance  the  strain  localization 
required  for  growing  SDZs.^^  During  the  mechanical  test,  the  nanocomposite 
specimen  was  mounted  in  a  strain  jig,  stretched  under  an  optical  microscope  to 
observe  the  growth  of  deformation  zones  (crazes  or  SDZs).  ’  ’  ’  The  samples 

were  then  examined  under  an  AFM  (Digital  Instrumental,  Nanoscope  Ilia)  for 
detailed  analyses  of  the  microdeformation,  including  calculations  of  the  local  stress 
and  strain  in  the  deformation  zones.^"*’^^  A  transmission  electron  microscopy  (TEM, 
JEOL  JEM-2010)  was  used  to  obtain  images  of  crazes  or  SDZs  of  the  stretched 
samples.  Taking  advantage  of  the  film-on-grid  method,  ’  ’  ’  a  large  number  of 
erazes  and  SDZs  were  examined,  enabling  the  presentation  here  of  typieal  and  highly 
reprodueible  data  for  reliable  interpretations.  Widening  of  the  mierodeformation 
zones  was  monitored  by  using  a  video  eamera  attaehed  to  an  optieal  mieroseope  and 
from  the  images  of  the  growing  erazes  or  SDZs  the  widening  veloeities  were  obtained. 
The  dispersion  of  MWCNTs  in  the  polymer  matrix  was  examined  by  using  a 
field-emission  seanning  eleetron  mieroseope  (FE-SEM;  4500)  after  gently  etehing  the 
samples  with  oxygen  plasma.  ’  The  dispersion  of  MWCNTs  has  been  excellent,  as 
shown  in  Figure  1,  parts  c  and  d,  such  that  the  mechanical  performance  of  the 
nanocomposites  is  consistent  and  reproducible. 

Results 

The  plastic  flow  induced  by  local  strains  in  glassy  polymers  gives  rise  to  the 
formation  of  mierodeformation  zones.  For  brittle  polymers  such  as  PS,  crazes  arise 
from  large  local  strains  up  to  300%,  depending  on  the  entanglement  density.  ’  On 
the  other  hand,  PPO,  a  model  system  for  ductile  glassy  polymers,  develops  SDZ 
resulted  from  local  strain  around  100%  upon  application  of  stresses.  According  to 
Kramer’s  ground-breaking  work,  the  line  of  demarcation  between  the  brittle  and  the 
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ductile  behaviors  can  be  defined  by  a  critical  entanglement  densityve^  such  that 
when  Ve  >  Ve  ^  (tight  networks)  shear  deformation  zones  prevails,  while  crazes 
dominate  in  the  regime  of  Ve  <  Ve^  (loose  networks).  Under  ambient  conditions,  Ve  ^ 

6  X  As  will  be  shown  later,  the  ‘‘tightness”  of  the  chain  entanglement 

networks  determines  not  only  whether  the  glassy  polymer  behaves  in  a  ductile  or 
brittle  way,  but  also  how  the  imbedded  MWCNTs  interact  with  the  polymer  chains 
during  the  plastic  flow  in  the  deformed  glass. 

Crazes  Morphology. 


(a) 

(,b) 
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Figure  2.  Optical  micrographs  of  stretched  (a)  pristine  PS  films  and  (b)  MWCNTs/PS 
composite  film  (co  =  2  wt  %). 

In  the  pristine  PS  films,  crazes  initiated  at  approximation  1%  strain  (  )  and  they 
were  generally  straight,  widening  steadily  as  the  strain  increased,  and  the  maximum 
width  of  creases  could  reach  approximately  lOjum  (Figure  2a).  Local  fibril 
breakdowns  within  the  crazes  started  at  approximately  .  =  8%.  Craze  surface 
topography  determined  from  AFM  revealed  that  craze  depth  d  increased  almost 
linearly  with  craze  width  w  when  w  <  Wc  (see,  for  example.  Figure  28  of  ref  38).  The 
critical  width  Wc  is  a  function  of  film  thickness  (for  0.5/im  thick  PS  film,  rvc  2.5pm) 
and  representing  the  start  of  the  microneck  propagation.  ’  ’  For  w  >  Wc,  craze 
depth  became  constant  with  w,  indicating  steady-state  drawing  of  the  crazing  plastic 
flow.  The  films  of  the  MWCNTs/PS  composites  with  MWCNTs  content  (co)  of  2.0 
wt%  demonstrated  a  quite  different  mechanical  behavior  in  that  the  crazes  were 
generally  short  and  narrow  (mostly  less  than  2^m  wide)  and  no  cracking  was  observed 
even  at  strains  greater  than  20%  (Figure  2b).  Moreover,  although  the  craze  depth  d 
varied  with  craze  width  w  following  the  same  curve  as  that  of  pristine  PS,  w  never 
reached  It  indicates  that  the  micronecking  characteristic  of  crazing  was  not 

altered  by  the  presence  of  MWCNTs,  however,  the  process  was  strongly  suppressed. 
For  films  contain  MWCNTs  less  than  Iwt  %,  the  observed  effect  due  to  MWCNTs  on 
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the  microscopic  deformation  behavior  was  not  obvious  and  no  qualitative  variations 
from  that  observed  in  films  of  co=  2  wt  %  were  noted. 

From  AFM  craze  topography,  the  MWCNTs/PS  nanocomposites  evidently 
developed  a  concentrated  plastic  strain  within  the  craze  (Figure  3  a,  for  co=  2  wt%) 
with  the  maximum  strain  p  within  the  craze  increasing  with  w  but  eventually 
leveling  off  for  w  <  1  /xm.  This  is  similar  to  the  behavior  of  the  pristine 
pg  33-35,38,39,41-43  naiTow  crazcs  (w  >  0.6  jum),  p  is  just  below  30%,  a 

value  very  close  to  the  reported  elastic  limit  of  carbon  nanotubes. ^  Figure  4a  shows  a 
TEM  micrograph  of  a  craze  tip  propagating  into  a  region  of  densely  populated 
MWCNTs.  The  presence  of  the  MWCNTs  seems  to  have  no  effect  on  the  growth  of 
the  craze  in  that  the  craze  tip  penetrates  right  through  the  MWCNTs.  Since  p  in  the 
narrow  crazes  is  below  the  elastic  limit  of  MWCNTs,  the  MWCNTs  within  them  thus 
can  easily  survived  without  inflicting  breakage  of  the  MWCNTs  or  being  forced  to 
substantially  modify  the  plastic  flow  process. 


Position  along  Craze  Width  (pm) 


Figure  3.  (a)  Local  strain  distribution  within  a  craze  across  the  craze  width  for  cq  =  2 
wt  %,  and  (b)  local  stress  within  MWCNT/PS  films  with  co  (for  w  =  O.Vfim). 

In  contrast,  only  of  very  rare  incidence  were  intact  MWCNTs  observed  within 
wider  crazes.  Generally,  when  craze  width  exceeds  certain  limit  only  broken  pieces  of 
MWCNTs  were  observed  within  the  craze  (Figure  4,  parts  b  and  c).  Later 
examinations  revealed  that  this  width  limit  corresponds  to  that  above  which  the  local 
strain  becomes  significant  in  comparison  to  the  extension  limit  of  MWCNTs.  The 
intact  MWCNTs  in  the  wider  crazes  were  either  incorporated  from  craze  tips  or  from 
fibrillation  of  the  “film”  islands  within  crazes,  which  were  formed  by  the  merging  of 
locally  parallel  crazes  to  traps  intact  MWCNTs  within  the  new  crazes.  It  seems  quite 
unlikely  for  the  plastic-flowed  PS  chains  to  pull  MWCNTs  across  the  craze 
boundaries  into  the  microdeformation  zones.  Most  MWCNTs  embedded  in  the  PS 
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matrix  appeared  to  stay  outside  the  erazes.  For  those  MWCNTs  ineorporated  within 
erazes,  depending  on  the  drawing  history,  they  were  subjeet  to  different  degree  of 
stretehing.  Some  were  broken,  leaving  broken  ends  at  the  boundaries  (Figure  4e).  The 
loeal  stresses  within  erazes  in  the  films  determined  from  AFM  topography  were  in  the 
order  of  150  MPa.  Sinee  they  were  signifieantly  less  than  the  fraeture  stress  of  CNTs, 
the  breakages  of  MWCNTs  were  likely  to  have  oeeurred  at  the  defeets  sites  indueed 
during  surfaee  treatments.  Moreover,  in  the  wider  erazes  (w  <  0.6  jim)  the  plateau 
plastie  strain  p  (Figure  3a)  had  exeeeded  the  flexibility  limit  of  MWCNTs,  henee 
either  foreed  breakage  or  stress-shielding  of  the  surrounding  by  the  ineorporated 
MWCNTs  would  oeeur.  The  latter  should  lead  to  a  eonstraint  eraze  widening,  but  it 
only  played  a  minor  role  due  to  the  insignifieant  number  of  MWCNTs  within  erazes. 

The  exelusion  of  MWCNTs  from  erazing  proeess  was  eonfirmed  by  AFM 
topography  of  the  erazed  films  dry-etehed  by  mild  oxygen  plasma,38  of  whieh 
protrusions  arising  from  pileup  of  the  slow-etehed  MWCNTs  were  observed  bulging 
along  the  eraze  boundaries.  The  protrusion  width,  Wp,  was  determined  by  first 
measuring  the  apparent  width  of  the  protrusions  as  a  funetion  of  etehing  time  (inset  of 
Figure  5a),  and  then  the  level-off  value  was  taken  as  the  protrusion  width.  The 
protrusion  width  was  found  to  inerease  with  eraze  width  (Figure  5a).  Correspondingly, 
the  height  of  the  protrusions  was  also  found  to  inerease  with  eraze  width,  from  60  to 
120  nm  for  Wp  varying  from  210  to  320  nm.  This  is  eonsistent  with  the  TEM 
observations  (Figure  5b)  that  MWCNTs  are  exeluded  from  erazes  during  fibrillation, 
engendering  greater  eoneentrations  of  MWCNTs  at  boundaries  of  the  wider  erazes. 

Fibrillation  Modified  by  MWCNTs. 

The  loeal  eoneentration  of  MWCNTs  at  eraze  boundaries  was  ealeulated,  from  the 
AFM  data,  to  assess  quantitatively  how  eraze  fibrillation  was  modified  by  the  pileup 
of  MWCNTs.  Assuming  all  the  MWCNTs  in  the  eourse  of  eraze  widening  would  be 
exeluded  from  erazes  fibrillation,  the  loeal  eoneentration  of  MWCNTs  at  eraze 
boundaries  (cpu)  ean  be  readily  shown  to  depend  on  the  original  eoneentration  of 
MWCNTs  (co)  in  the  film,  the  eraze  width  (w),  protruding  width  (wp),  the  film 
thiekness  at  the  eraze  (tc),  mass  densitny  of  eraze  (  =  0.8  g/em^),  and  the  original 

film  thiekness  (ro),  as 


Q)(l"^rv)  7^/2rVp  To)  (1) 

Obviously,  eq  1  applies  only  for  the  regime  where  the  wide  erazes  effeetively  exelude 
MWCNTs  from  the  nanoplastie  flow.  Figure  5e  indieates  that  Cpu  inereased 
approximately  linearly  with  eraze  width  w.  The  slope,  inereasing  with  co,  is  quite 
steep.  For  a  2  /xm  wide  eraze,  for  example,  Cpu  goes  up  four  times  to  8  wt  %  in  films  of 
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Co  )  2  wt  %.  It  indicated  that  the  PS  chains  to  be  drawn  across  the  craze  boundaries 
need  to  pass  through  an  increasingly  denser  network  of  MWCNTs  at  the  boundaries. 
Thus,  a  greater  drawing  stress  will  be  required  for  the  PS  chains  to  overcome  the 
increasing  chain  frictions  with  the  MWCNTs,  and  hence  craze  widening  becomes 
more  and  more  difficult.  This  ultimately  enhances  delocalization  of  the  plastic  flow  of 
crazing. 


Figure  4.  TEM  micrographs  of  (a)  a  craze  tip,  (b)  wider  craze  in  MWCNT/PS  films 
(Cb  =  2  wt  %),  and  (c)  fracture  of  nanotubes  in  MWCNT/PS  films  (Cb=  2  wt  %). 


The  increase  of  chain  friction  due  to  MWCNTs  was  estimated  using  a  Rouse  tube 
model."*"*  During  the  nanoplastic  flow  process  of  a  glassy  polymer,  the  chain  pulled  by 
the  necking  force  /  was  assumed  to  undergo  a  constant  sliding  velocity  v  along  the 
“topological  tube”  defined  by  the  entangled  chains,  where  /  and  v  are  related  via  the 
total  frictional  coefficient  r  of  the  whole  chain,  as 

(2) 


122 


The  pulling  force  /  can  be  determined  from  the  drawing  stress  a  during  crazing  and 
the  cross-sectional  area  of  the  chain  Achain  by /^txAchain.  The  cross-sectional  area  Achain 
is  approximately  0.688  nm^  for  a  single  PS  chain  in  the  tube  where  a  total  of  22  in 
average  share  the  tube  space. 
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Figure  5.  (a)  Width  of  MWCNT  pile-up  at  craz^oun^aries  versus  craze  width,  co  = 
3.0  wt  %  (co  =  2.0  wt  %  (co  =  1.0  wt  %  (co=0.5  wt  %  (cq  =  0.25  wt  %.  Insets:  The 
width  of  the  MWCNT  pileup  at  the  craze  boundaries  determined  by  AFM  topographic 
profile  and  shown  as  a  function  of  etching  time,  (b)  a  schematic  of  the  MWCNT  piled 
up  at  the  craze  boundaries,  (c)  the  weight  percentage  of  MWCNT  protruding  vs  width 
of  craze  in  MWNT/PS  films,  co=3.0  wt  %;  cq  =  2.0  wt  %  (co  =1.0  wt  %  (cq  =  0.5  wt  % 
(co  =  0.25  wt  %,  (d)  tube  sliding  velocity  of  a  PS  chain  versus  craze  width  in  pristine 
PS  and  MWCNT/PS  films,  and  (e)  the  friction  coefficient  of  a  PS  chain  versus  craze 
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width  in  pristine  PS  and  MWCNT/PS  films. 


For  pristine  PS  films,  the  pulling  force  /  was  calculated  to  be  / )  0.065  nN 
corresponding  to  the  steadily  state  necking  stress  t)  94  MPa  determined  from  AFM 
results. 34, 35  The  chain  sliding  velocity  V  was  calculated  from  the  craze  widening 
speed,  measured  from  video  camera,  at  steady-state  necking,  which  was  then 
corrected  by  a  factor  of  N  where  N  is  the  number  of  Kuhn  monomer  in  the  tube  to 
take  into  account  of  the  random  coil  chain  conformation.'^'^’'^^  For  PS  of  Mw  =  2000K, 
N  is  approximately  2800  (Kuhn  monomer  molar  mass:  720  g/moL).  The  craze 
widening  velocity  v  was  measured  to  be  approximately  140  nm/s,  the  chain  sliding 
velocity  v  thus  is  determined  to  be  approximately  7400  nm/s.  As  shown  in  Figure  5d, 
V  decreases  slightly  with  craze  widening  until  it  levels  as  w  passes  the  critical  width 
Wc.  The  decrease  obviously  is  due  to  strain  hardening  during  the  micronecking.  From 
eq.  2,  the  friction  coefficient  of  PS  chain  (  ps)  in  the  pristine  polymer  was  calculated 
and  found  to  be  dependent  on  w.  In  the  steady  state  necking  regime,  ps  =1.13  x  10"^ 
kg/s  was  obtained  (Figure  5e). 

For  the  MWCNT/PS  films,  MWCNT  pileup  at  craze  boundaries  increases  the 
chain  frictional  force  during  the  nanoplastic  flow.  The  friction  coefficient 
associated  with  a  sliding  chain  going  through  a  mixture  of  semidilute  MWCNTs 
concentrations  in  PS  where  PS-CNT  interactions  dominate,  can  be  described  in  terms 
of  the  number  of  nanotubes  per  volume  Vpu  and  the  MWCNT  geometries  (length  lent 
and  diameter  dent)  as 
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where  jS  is  a  numerical  factor  (jS  =1.32x10  ) 


3x  47,48 


(3) 


This  equation  was  originally 


developed"*’  for  the  rheological  behavior  of  CNT s/polymer  nanocomposites  by 
simulating  the  nanocomposite  as  one  that  contains  rodlike  particles  in  a  matrix. 
Moreover,  for  the  sake  of  simplicity,  the  chain  conformation  in  the  MWCNT s/PS 
systems  is  assumed  to  be  approximately  the  same  as  that  in  pristine  PS  such  that  the 
length  and  molar  mass  of  the  Kuhn  monomer  remain  unchanged.  Using  eq  3,  the 
chain  friction  t  during  the  nanoplastic  flow  can  be  calculated  from  epu,  measured 
from  AFM,  and  the  nanotube  geometrical  constants  (/cnt=  1-4  ^um,  dent  =  35  nm).  As 
shown  in  Figure  5e,  t  increased  almost  linearly  with  craze  width  w  for  0  <  w  <  2.0 
/um.  Within  the  same  craze  width  range,  the  chain  sliding  velocity  v,  readily  obtained 
from  T  and  the  necking  force  /  (from  AFM  stress  analysis)  using  eq  2  (Figure  5d), 
was  found  to  decrease  steadily  as  craze  widened,  and  for  w  >  2.5  /im,  v  became 


124 


approximately  zero,  consistent  with  experimental  observations  that  virtually  all  crazes 
in  the  MWCNTs/PS  films  were  narrower  than  l^m.  The  chain  friction  during  the 
nanoplastic  flow  can  also  be  obtained  directly  from  craze  widening  measured  by 
video  taping  using  eq  2.  The  frictional  coefficient  t  so-obtained  was  found  in 
excellent  agreement  with  that  determined  based  on  MWCNT  pileup  (Cpu)  at  craze 
boundaries  (Figure  5e).  This  result  strongly  supports  that  the  pileup  of  MWCNTs  at 
craze  boundaries  caused  an  increase  in  chain  friction,  thus  restricted  the  widening  of 
existing  crazes,  forcing  new  craze  initiation  in  the  other  regions  to  absorb  the  applied 
strain. 


Embrittlement  Induced  by  MWCNTs. 
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Figure  6.  Optical  micrographs  of  stretched  MWCNT/PS  films  at  high  MWCNTs 
content:  (a)  3  and  (b)  5  wt  %. 

The  exclusion  of  MWCNTs  from  the  nanoplastic  flow  had  increased  the 
difficulty  of  chain  fibrillation  and  forced  a  competition  between  initiation  of  new 
crazes  and  widening  of  the  existing  crazes,  leading  to  a  substantial  reduction  in  craze 
widths.  Since  the  probability  of  craze  breakdown  increases  exponentially  with  craze 
width, delocalization  of  crazing  reinforced  the  mechanical  stability  of  the 
nanocomposite.  Nevertheless,  embrittlement  ensued  as  the  MWCNTs  content 
increases  to  above  3  wt  %  (Figure  6).  On  the  basis  of  the  analyses  above,  the 
embrittlement  was  owing  to  the  increased  difficulty  of  craze  initiation  and  the 
subsequent  growth  that  follows  the  initiation.  The  local  strain  and  stress  within  the 
incipient  crazes,  as  shown  in  Figure  3,  parts  a  and  b,  for  Co  =  2  wt  %,  increased  with  Co 
such  that  craze  initiation  would  eventually  be  suppressed.  When  fewer  crazes  were 
available  to  absorb  the  deformation  energy,  cracking  ultimately  became  preferentially 
favored. 
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Straining  of  MWCNTs  within  SDZs. 


Figure  7.  Optical  micrographs  of  stretched  (a)  pristine  PPO  films,  (b)  MWCNTs/PPO 
composite  film  (weight  fraction  of  MWCNT  is  1.5  wt  %),  and  (c)  TEM  micrographs 
of  narrow  SDZ,  and  (d)  TEM  micrograph  of  a  wider  SDZ  in  MWCNT/PPO  films  (co 
=1.5  wt  %). 


With  straight  and  sharp  boundaries  under  an  optical  microscope,  SDZs  nucleated 
in  the  neat  PPO  films  at  approximately  2%.  They  widened  steadily  as  strain 
increased  and  eventually  broke  down  to  form  cracks  for  >  13%  (Figure  7a).  Before 
voids  were  initiated,  however,  the  SDZ  could  grow  to  a  width  as  wide  as  40/rm.  The 
depth  d  of  the  SDZs,  measured  by  AFM,  followed  a  typical  micronecking 
characteristic  in  that  d  increased  linearly  with  w  up  to  w  )  w^,  thereafter  leveling  to  a 
constant  depression  (Figure  8a).  The  SDZs  were  generally  smooth,  under  the  TEM, 
with  some  secondary  wavy  striations  lying  perpendicular  to  the  stretching  direction. 

The  incorporation  of  the  MWCNTs  in  the  nanoplastic  flow,  furthermore,  produced 
an  accelerated  strain  hardening  of  the  flow  in  that  the  leveling  depression  ds  decreased 
as  cO  increased  (Figure  8,  parts  a  and  e).  It  decreased  from  0.26,  of  the  original 
thickness  for  the  neat  resin,  to  0.13,  for  Co  =  2.4  wt  %  (Figure  8a).  Since  the  draw  ratio 
(2sdz)  in  the  SDZs  scales  very  closely  with  the  leveling  depression  ds  via  Xsdz  ~  ro/(ro 
-  The  decrease  of  (dsito)  from  0.26  to  0.13  for  a  change  from  Co  =  0  to 
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Co  =  2.4%  translates  into  a  decrease  of  Asdz  from  2.08  to  1.35,  a  3-fold  decrease  of  the 
molecular  strain.  This,  however,  is  consistent  with  the  fact  that  the  volume  fractions 
of  MWCNTs  (co’s)  are  already  significantly  greater  than  the  percolation  threshold  of 
MWCNTs,  approximately  0.08  vol  %,  for  the  MWCNTs.  The  slope  of  the  linear 
increase  of  d  versus  w  during  the  initial  necking  also  decreases  with  Co,  indicating  an 
increase  of  chain  friction  in  the  PPO/MWCNTs  nanocomposites. 

The  increase  of  chain  friction  of  the  nanoplastic  flow  in  MWCNTs/PPO  was 
estimated  by  use  of  the  Rouse  chains  model  as  applied  for  crazes  in  the  PS  systems 
before  withv4chain  of  the  PPO  chain  approximately  0.55  nm^.  For  both  the  pristine  PPO 
and  MWCNTs/PPO  films,  the  tube  sliding  velocities  v’s,  measured  from  SDZ 
widening,  were  shown,  with  somewhat  large  data  fluctuations,  to  be  indistinguishable 
from  each  other;  they  were  almost  constant  ('^  1500  nm/s)  but  in  fact  slowly  decrease 
with  w  (Figure  8c).  The  friction  coefficientCT  was  found  to  increase  with  the  w  when 
w  <  Wc  but  then  began  leveling-off  for  w  >  Wc  (Figure  8d).  The  addition  of  the 
MWCNTs  (1.5wt.%)  in  PPO  had  raised  the  chain  friction  from  Cppo  4.3  x  10"^  kg/s 
to  Ct  7.5  X  10'^  kg/s,  but  the  overall  trend  remains  unchanged.  Clearly,  the 
incorporation  of  MWCNTs  during  the  nanoplastic  flow  had  dramatically  reduced  the 
extensibility  of  the  entanglement  network  of  the  PPO  matrix. 

Strain-Hardening  of  the  Entangled  Chains. 

The  intriguing  differences  between  SDZs  and  crazes  in  the  interactions  with 
MWCNTs  obviously  should  be  related  to  the  plastic  flow  properties  of  the 
entanglement  network  incurred  during  the  local  deformation.  According  to 
Kramer,  ’  ’  the  state  of  deformation  induced  by  the  deformation  zones  is 
related  to  the  structure  of  entanglement  network.  For  example,  the  average  draw  ratio 
of  the  plastic  flow,/lcraze  or  /IsDz,  scales  approximately  with  the  extensibility  of  the 
chain  network,  /Imax,  defined  as  /lmax^4/<7e  where  4  is  the  contour  length  between 
entanglements  and  is  the  direct  distance  between  them.  ’  ’  The  PPO  is 
known  to  has  a  tighter  entanglement  chain  network  (Amax  =  3.1,  Ve  =1.5x10^^ 
chains/m^)  compared  to  that  of  PS  (Amax=  4.2,  Ve  =  3.3  x  1025  chains/m^)  (shown 
schematically  in  Figure  9a).^^’^^  Furthermore,  the  deformations  of  the  entanglement 
networks  in  both  PS  and  PPO  had  been  explored  before  by  microscopic  stress 

33—35  37—39 

analyses  from  the  AFM  topography. 

It  was  found  that  both  entanglement  networks  manifested  a  twostage  process, 
strain-softening  and  strain-hardening,  during  the  deformation  with  a  critical  strain 
(dubbed  as  the  hardening  strain)  dividing  these  two  regimes. The  hardening  strains 
^h’s  for  crazing  in  the  loose  chain  network  of  PS  and  that  for  SDZs  in  the  tighter  PPO 
chain  network  were  quite  different.  The  hardening  strain  of  PS  (of  molar  mass  2M) 
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was  determined  to  be  Sh=lA  while  it  was  approximately  Sh=  0.3  for  PPO.^"^ 
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Figure  8.  (a)  SDZ  depth  vs  SDZ  width  in  the  pristine  PPO  and  MWNTs/PPO  films: 
pristine  PPO  films  (co  =0  wt  %)  (f,  co  =  2.4  wt  %  (f,  co  =1.5  wt  %  (f;  co=  0.5  wt  %  (0- 
(b)  AFM  micrographs  of  the  stretched  and  etched  MWNTs/PPO  films,  (c)  Tube 
sliding  velocity  of  a  PPO  chainversus  SDZ  width  in  pristine  PPO  and  MWCNT/PPO 
films,  (d)  Friction  coefficient  of  a  PPO  chain  versus  SDZ  width  in  pristine  PPO  and 
MWCNT/PPO  films,  (e)  Normalized  SDZ  depth  versus  a. 


With  this,  the  drawing  mechanics  of  the  plastic  flows  were  further  analyzed  by 
comparing  .  h’s  of  the  two  polymers  with  the  corresponding  maximum  strain  .p’s 
(the  plateau  strain)  in  the  films  (Figure  9b).  Although  the  plateau  strains  .  p’s  for  both 
PS  and  PPO  increase  monotonically  with  w,  the  plateau  strains  .  p’s  for  w  <  5  fim  in 
MWCNTs/PS  were  smaller  than  the  hardening  strain  ( .  =1.4)  of  the  PS  chain  network. 
Recalling  that  virtually  all  the  crazes  formed  in  the  MWCNTs/PS  films  were  thinner 
than  2^m  in  width,  it  indicates  that  the  PS  chains  in  the  nanoplastic  flows  were  still  in 
the  strain-softening  stage,  incapable  of  drawing  the  relatively  much  more  rigid 
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MWCNTs  into  crazes.  On  the  contrary,  the  plateau  strains  .p’s  in  the  SDZs  of 
MWCNTs/PPO  would  be  greater  than  .  h  of  the  PPO  chain  network  ( .  =  0.3)  for  w  > 
0.6^m.  Since  most  SDZs  in  the  MWCNTs/PPO  nanocomposite  were  wider  than  that 
(0.6//m),  the  PPO  chains  in  the  nanoplastic  flow  were  able  to  pull  the  MWCNTs  into 
the  local  deformation  zones. 

Discussions 

The  length  scales  of  interactions  during  the  drawing  of  surface  grafted  MWCNTs 
by  the  nanoplastic  flows  of  glassy  polymers  may  be  in  the  order  of  tens  of  nanometers, 
as  hinted  by  the  diameter  of  MWCNTs  (~25  nm),  due  to  the  fact  that  some  degrees  of 
local  bending  of  the  MWCNTs  obviously  deemed  inevitable.  Since  the  bending 
moment  of  CNTs  increases  approximately  to  the  third  power  of  the  tube  diameter, 
drawing  of  CNTs  would  become  more  dominant,  as  opposed  to  polymer  draining 
through  the  CNTs,  during  the  nanoplastic  flows  when  the  diameter  of  the  CNTs 
decreases.  Early  results  seems  to  confirm  this  picture  in  that  single-walled  CNTs 
(SWCNTs)  were  observed  being  drawn  into  crazes  in  films  of  the  bulky 
polybenzoxazoles  macromolecules  where  SWCNTs  were  surface  treated  by  a  physical 
adsorption  means."*^ 

In  the  light  of  this,  other  than  the  improved  compatibility  that  has  led  to  uniform 
dispersion  of  CNTs  in  the  polymer  matrix,  the  effects  of  molecular  weight  and  the 
amount  of  the  grafted  polymers50  may  be  primarily  on  the  magnitude  of  tube  friction 
Ct  during  the  nanoplastic  flows.  Higher  molecular  weights  and  greater  polymer 
fractions  are  expected  to  increase  the  frictions.  It,  however,  would  not  qualitatively 
alter  the  major  observations  obtained  in  this  experiment.  Further  explorations  in  this 
direction  is  interesting  but  is  beyond  the  scope  of  this  study. 

The  range  of  CNT  fractions  (0-10  wt  %)  explored  in  this  experiment  covers  the 
regime  (>0.1  wt  %)  where  the  dispersed  CNTs  percolate  electrically.'*^  However, 
electric  percolation  does  not  correspond  to  mechanical  percolation  where  the  CNTs 
would  effectively  form  a  network  that  is  frilly  stress-bearing.  As  revealed  by  the  PS 
systems,  CNT  displacement  that  causes  substantial  modifications  of  the  purported 
CNTs  network  occurs  upon  stretching  as  polymer  chains  draining  through  the  CNTs 
to  cause  local  CNT  pileup  at  the  craze  boundaries.  In  the  strainhardening  system  of 
PPO,  although  the  CNTs  can  be  drawn  into  the  SDZs,  they  at  the  same  time  did  not 
escape  the  fate  of  strain  localization  and  underwent  fracture  at  a  strain  not 
significantly  greater  than  those  without  them.  Apparently,  control  over  the  state  of 
entanglement  between  CNTs  and  stability  of  the  CNTs  network  requires  further 
material  engineering  that  exploits  the  properties  and  geometries  of  individual  CNTs  as 
well  as  nanostructuring  them  into  right  space.  The  notion  of  a  stress-bearing 
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entanglement  network  of  CNTs  that  effeetively  shield  the  polymer  eomposite  from 
meehanieal  stress  remains  to  be  tested  by  further  experiments  and  is  out  of  the  seope 
of  the  intended  study  here.  For  the  range  of  very  dilute  CNT  fraetions  (>1  wt  %),  the 
effeet  on  the  nanoplastie  flow  is  minute,  however. 


(a) 


(i)  Tight  entanglements 


(ii)  Loose  entanglements 


Width  of  Local  Deformation  Zone  (pm) 


Figure  9.  (a)  Sehematie  drawings  of  tight  and  loose  ehain  entanglements,  and  (b)  the 
loeal  maximum  strain  versus  the  width  of  loeal  deformation  zones. 


With  the  mieromeehanieal  analyses  based  on  AFM  data,  the  interaetions  between 
the  embedded  MWCNTs  and  the  glassy  polymer  ehains  during  the  nanoplastie  flows 
ean  be  understood  in  a  simple  and  eoherent  framework  in  terms  of  the  plastie  flows 
mieromeehanies  and  the  properties/strueture  of  the  ehain  entanglement  network.  The 
eomplieated  effeets  of  filler  arising  from  MWCNTs  in  glassy  polymers  ean  be 
understood  further  by  pursuits  using  this  approaeh.  The  important  fundamental 
behavior  of  glassy  polymer  ehain  during  the  nanoplastie  flows  of  erazing  or  shear 
yielding  ean  be  unveiled  with  advanees  of  the  ehain-MWCNTs  interaetions. 

Conclusions 

In  eonelusion,  the  surfaee-grafted  MWCNTs  dispersed  in  a  polymer  matrix 
dramatieally  toughen  the  glassy  polymer  by  deloealization  of  plastie  flows, 
engendered  by  a  signifieant  inerease  of  ehain  frietion  during  mierodeformation.  The 
interaetions  between  the  MWCNTs  and  polymer  ehains,  however,  are  quite  different 
for  eraze-forming  brittle  polymer  (PS)  and  SDZforming  duetile  polymer  (PPO),  whieh 
ean  be  attributed  to  variations  in  the  ehain  entanglement  network  strueture.  For  PS, 
the  CNTs-polymer  interaetions  during  the  plastie  flow  is  in  the  regime  of  polymer 
strain  softening  in  whieh  the  polymer  ehains  drawn  into  erazes  are  filtering  through 
the  pileup  of  MWCNTs  at  eraze  boundaries.  The  pileup  is  resulted  from  the 
ineapability  of  the  softened  ehains  to  pull  the  rigid  CNTs  into  the  nanoplastie  flow.  In 
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this  situation,  chain  friction  increases  linearly  with  craze  width  during  widening  of  the 
craze  and  ultimately  forces  nucleation  of  new  crazes,  leading  to  delocalization  of  the 
strain.  In  contrast,  the  PPO  chains  undergo  strain-hardeing  during  the  nanoplastic  flow 
and  are  capable  to  draw  MWCNTs  into  the  SDZs,  leaving  no  pileup  of  MWCNTs  at 
the  zone  boundaries.  The  delocalization  effect  due  to  MWCNTs  is  thus  much  smaller 
as  compared  to  that  in  MWCNTS/PS  and  the  SDZs  can  still  grow  to  a  width 
significantly  wider  than  crazes  in  PS/MWCNTs  of  the  same  MWCNTs  loadings.  The 
physical  participation  of  MWCNTs  in  the  nanoplastic  flows  of  PPO  has  generated  an 
increase  of  chain  friction  although  it  does  not  alter  qualitatively  the  dependence  of 
chain  friction  on  the  degree  of  drawing  during  the  flow.  The  incorporation  of 
MWCNTs  in  the  flow  considerably  reduce  the  extensibility  of  the  glassy  polymer, 
giving  rise  to  substantially  lower  plateau  strain  of  the  plastic  flow  (3  time  reduction 
for  Co  =  2.4  wt  %)  and  higher  draw  stress  (1.5  time  increase  for  cO  =  2.4  wt  %).  At 
high  MWCNTs  contents  in  either  PS  or  PPO,  the  increase  of  chain  friction  eventually 
suppresses  the  formation  of  crazes  or  SDZs  and  ultimately  leads  to  embrittlement  of 
the  nanocomposites. 
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